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Abstract 
Solution processable organic semiconductors offer a promising route towards low-cost solar 
photovoltaics. The performance of these devices is critically dependent on the morphology of the 
thin film active layer and is very sensitive to both the chemical structure and deposition conditions 
of the materials. In this thesis a range of complementary techniques are used to characterise the 
morphology, particularly resonant Raman spectroscopy and atomic force microscopy, in addition to 
analysis of the device performance. By comparing these results we are able to fulfil the aim of this 
project, which was to elucidate the fundamental relationships between the thin film morphology 
and photovoltaic performance for a range of organic and hybrid solar cells. 
For polymer/polymer blends we consider the impacts of nanowire formation, molecular weight, and 
thermal annealing on the thin film molecular order. By controlling the interactions between the two 
polymers we are able to increase the charge carrier mobilities by several orders of magnitude, 
resulting in reduced bimolecular recombination and enhanced device efficiency. For the hybrid 
polymer/inorganic devices that we consider, we identify an interfacial region of disordered polymer, 
which can be partly controlled but not fully overcome. We suggest that this represents an intrinsic 
limitation, which should be addressed by considering alternative routes to interface formation. 
Donor-acceptor copolymers are an important class of materials showing promising optoelectronic 
properties for polymer/fullerene solar cells. We consider how various chemical modifications 
including fluorination, side chain branching, and heavy atom substitution affect the molecular 
properties and thin film morphology. In particular, we consider the nature of the electronic 
absorption transitions of diketopyrrolopyrrole-based copolymers and find that the low energy 
transition is localised on the diketopyrrolopyrrole unit and is very stable to photodegradation, 
whereas the high energy transition couples more strongly to the donor unit, which is more 
vulnerable to photooxidation. 
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Chapter 1  
Introduction 
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1.1 Motivation  
Research in the field of organic solar cells is primarily fuelled by increasingly global demand for clean 
energy driven by growing and developing populations as well as the threat of anthropogenic global 
warming.[1] Established, inorganic photovoltaic technologies may contribute in part to meeting this 
need but are limited by high production costs which prevent their application for large scale energy 
production. 
Organic semiconductors offer a promising alternative because they are soluble in common solvents 
and so can be deposited from solution on to flexible substrates. The primary advantage of this is that 
conventional printing and coating technologies can be readily adapted to deposit semiconducting 
materials over large areas very quickly under ambient conditions. This has the potential to result in 
large scale production of solar cells at low cost. Additional benefits of organic semiconducting 
materials is that they can (in principle) be synthesised from cheap chemical precursors, have 
chemically tunable optoelectronic properties, and their high absorption coefficients mean that very 
thin absorbing layers are sufficient (~ 100 nm).[2,3] 
To date, organic photovoltaic technologies lag behind their inorganic counterparts in terms of power 
conversion efficiency and device lifetime, and so ongoing research is required to develop these 
aspects.[4] Within this broad goal, the aim of this project is to develop an understanding of the 
relationships between the performance of organic solar cells and the thin film morphology of the 
active layer. It is widely recognised that morphology is a critical factor in determining device 
performance but these relationships are not yet clear because of the challenges involved in 
controlling and characterising the thin film structure on the nanometre and molecular scales.[5–8] 
1.2 Aims of Project 
Many different materials and strategies have been developed in pursuit of high performance, low 
cost organic solar cells and it is not possible to consider every one; rather, we consider a selection of 
scenarios and materials that are expected to be somewhat representative and so provide insights 
with broader applicability. Each Chapter explores specific questions which are summarised below: 
Chapter 2 introduces the theoretical background describing the optoelectronic properties of 
conjugated polymers and their application in photovoltaic devices. An overview of published 
literature describes the current understanding of the relationships between thin film morphology 
and device performance, which this thesis builds upon. Raman scattering from conjugated polymers 
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is also described (additional detail in the Appendix) since it provides a powerful probe for molecular 
conformation and order which has particular relevance to this thesis. 
Chapter 3 describes the experimental methods used throughout this work to control and 
characterise the thin film morphology as well as for characterising the performance of solar cell 
devices.  
Chapter 4 considers the case of polymer/polymer blends, making use of polymer nanowire 
formation, thermal annealing, and molecular weight variation to control the molecular order and 
nanostructure of a thin film. Complementary techniques are used to characterise the morphology 
and device performance, showing that simple processing techniques can be used to strongly 
enhance the photocurrent generation. We attribute this effect primarily to reduced bimolecular 
recombination but also investigate the interfacial energetics using electroluminescence 
spectroscopy and find some evidence that the nanowire morphology destabilises an emissive charge 
transfer state, which may relate to charge generation. 
Chapter 5 explores the interface between a conjugated polymer and inorganic materials in hybrid 
devices. In two cases (a bilayer formed by pulsed laser deposition of zinc oxide and a bulk 
heterojunction formed by in situ thermal decomposition of an organometallic precursor) the 
formation of the hybrid interface is found to cause a disruption in the molecular order of the 
polymer. This disordered interface is associated with poor device performance and appears to be 
intrinsic to interfaces formed in these materials. 
Chapter 6 uses Raman spectroscopy as a technique for in situ analysis of molecular properties during 
photodegradation and thermal treatment. We consider the photostability of a donor-acceptor 
copolymer, focussing on the relationship between the nature of the optically excited states and the 
resulting photodegradation. The effect of fluorination on the conformation and thermal 
conformational stability of polythiophene is also examined. 
Chapter 7 considers novel donor-acceptor copolymers for polymer/fullerene solar cells. We 
investigate the effects of various chemical substitutions: alkyl side chain branching symmetry, 
acceptor unit fluorination, and systematic heavy atom substitutions in the donor and acceptor units. 
The impacts of these substitutions on the optical, electronic, conformational, and molecular packing 
properties are considered in relation to the thin film device performance. As a result we propose 
some specific chemical design rules for high-performance alternating copolymers. 
Chapter 8 summarises the main findings of this thesis and outlines future work which should be 
considered as a result of these results.  
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Chapter 2  
Theoretical Background 
A general review of the nature of organic semiconductors and the development of photovoltaic 
devices based on conjugated polymers. We discuss the photophysical processes by which a plastic 
solar cell operates and the morphological requirements for efficient performance. Recent progress 
and debate over the relationship between blend morphology and device performance is reviewed in 
relation to polymer/fullerene, polymer/polymer, and polymer/inorganic blends. A discussion of 
Raman scattering is included since it is fundamental to a large proportion of the experimental results 
presented in this thesis. 
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2.1 Organic Semiconductors 
The development of semiconductors for electronic applications has primarily relied upon inorganic 
materials such as germanium, gallium, and especially silicon. Manufacturing techniques have been 
developed to produce high-purity crystals of these materials, resulting in the high-performance 
semiconductor devices which have become an indispensable part of modern society. In recent 
decades it has become increasingly apparent that conjugated polymer materials can also exhibit 
useful semiconducting properties, precipitated by reports of conductivity in doped polyacetylene, 
and electroluminescence in polyparaphenylenevinylene.[1,2] 
2.1.1 Conjugated Polymers[3,4] 
The semiconducting properties of organic materials arise from the π-bonding between sp2-
hybridised carbon atoms. The un-hybridised pz-orbitals of adjacent atoms overlap to form a π-bond, 
and when this extends over several atoms the resulting structure is a conjugated molecule where 
the π-bonding orbitals provide an extended delocalisation of electron density either side of the σ-
bonding plane. The overlap between two pz-orbitals either forms a π-bonding orbital or a π*-anti-
bonding orbital depending whether they are in-phase (cf. constructive interference) or out-of-phase 
(cf. destructive interference), respectively. In a conjugated molecule there will be multiple 
overlapping pz-orbitals resulting in quasi-continuous bands of bonding and anti-bonding energy 
levels, which are, in a limited sense, analogous to the valence and conduction bands of inorganic 
semiconductors. This is illustrated in Figure 2.1. 
 
Figure 2.1 Diagram illustrating the broadening of π- and π*-orbital energy levels into quasi-
continuous bands with increasing molecular conjugation. 
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Bonding orbitals are stable and have lower energy than anti-bonding orbitals, therefore, in the 
ground state, all of the electrons occupy bonding orbitals up to the highest occupied molecular 
orbital, known as the HOMO. The lowest unoccupied molecular orbital is referred to as the LUMO, 
and the difference in energy between them, where there are no electronic states, is the energy gap. 
Therefore, charge transport can only take place when electrons are excited across the energy gap 
from the occupied orbitals to unoccupied orbitals. The energy gap in conjugated molecules is 
typically 1.5-3.0 eV and so accounts for both their semiconducting properties but also the absorption 
and emission of visible light, which give them a wide range of optoelectronic applications.[3]  
One way of narrowing the energy gap is by extending the chemical conjugation length in the 
molecule, the extreme case of which is a conjugated polymer (though the effective conjugation 
length is usually limited in other ways).[5] The extended π-electron delocalisation gives conjugated 
polymers a rigid backbone resulting in poor solubility, so alkyl side chains are routinely added to 
make them soluble in organic solvents.[6] The use of conjugated polymers rather than small 
molecules introduces additional sources of disorder, since these materials are subject to molecular 
weight variation, conformational flexibility, and isomeric factors such as regioregularity all of which 
affect molecular packing and result in inhomogeneous broadening of energy levels.[7] 
Before considering the properties of organic semiconductors further, there are some important 
distinctions between inorganic and organic semiconductors, which should be appreciated. Organic 
semiconductors are covalently bonded molecules weakly held together by van der Waals 
interactions, whereas inorganic semiconductors form giant crystalline lattices. The physical material 
properties are, therefore, very different, but more fundamentally, the inherent disorder and low 
dielectric constants of organic semiconductors mean that electron wavefunctions are typically 
localised on a single molecule or part of a molecule.[3] Charge transport in these materials is usually 
better described as ‘hopping’ transport in contrast to the band transport observed in inorganic 
semiconductors, and optical excitations (excitons) are of the localised Frenkel type (binding energy 
0.1 to 1 eV), rather than the delocalised Mott-Wannier type (binding energy < 50 meV).[4,8] 
The properties of conjugated polymers also offer some particular advantages over inorganic 
materials, which justify the growing interest in them. The optoelectronic properties of organic 
semiconductors are determined primarily by their molecular structures and can therefore be 
adjusted by making chemical modifications. This is especially valuable for applications where light 
emission or absorption require spectral tuning.[9–11] Absorption coefficients for thin films of organic 
semiconductors are also typically very high (> 105 cm-1), which means that a very small amount of 
material (< 100 nm thick) can be used to efficiently harvest light for photovoltaic applications.[12,13] 
Even though charge carrier mobilities are low compared with inorganic semiconductors, they are 
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now reported in excess of 10 cm2/Vs, demonstrating their potential to compete with amorphous 
silicon.[14–16] In addition to all of these, the key advantage, which makes organic semiconductors 
industrially and commercially interesting, is that they can be deposited from solution. This presents 
the possibility of low cost, high-throughput production using standard solution deposition (or 
printing) techniques on flexible substrates, and is especially attractive for solar cell applications 
where coating a large active quickly and cheaply is a major factor.[17,18]  
2.1.2 Excited States 
The ground electronic state of a conjugated polymer, which has been described above, has the 
bonding orbitals fully occupied and the anti-bonding orbitals unoccupied. In addition to this, there 
are several excited states that the molecule can populate, some of which are illustrated in Figure 2.2. 
When a molecule is optically excited an electron may be promoted from a bonding orbital to an anti-
bonding orbital to form a singlet exciton. As we noted above, excitons in conjugated polymers are of 
the Frenkel type where the low dielectric constant (εr ~ 3) means that the excited state is a bound 
electron-hole pair and the singly-occupied energy levels lie within the energy gap. In addition to 
singlet excitons there are also triplet excitons, whose transitions with the ground state are spin-
forbidden so they cannot be formed directly by optical excitation.[19]  
 
Figure 2.2 Energy level diagrams indicating the nature of the ground, singlet exciton, hole and 
electron polaron states. 
The introduction of charge to a molecule, either by extracting an electron from the HOMO or by 
adding an electron to the LUMO, produces a hole or electron polaron respectively. Coupling 
between the electronic state and the molecular structure means that the local nuclear geometry is 
distorted to accommodate the charge so the frontier orbitals move into the energy gap.[20] Other 
excited states also exist, but these are the ones of primary relevance to organic photovoltaics. 
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2.2 Organic Photovoltaics 
In the broadest terms, a photovoltaic device converts light into electricity. For organic 
semiconductors this process begins with the absorption of a photon to form an exciton, which must 
then be split into spatially separated hole and electron polarons. These must be transported through 
the semiconductor and extracted into an external electric circuit. These stages can be summarised as 
four steps:[14] 
1. Exciton Formation 
2. Charge Separation 
3. Charge Transport 
4. Charge Extraction 
Each of these steps presents particular challenges, largely related to the localisation of excited states 
and solid state disorder, which are discussed in turn below. When all four steps are operational (to 
some extent), the result is a working solar cell, the performance of which is characterised by 
measuring the current density as a function of applied voltage whilst the device is illuminated. Figure 
2.3 shows an example of a current-voltage characteristic for a solar cell under simulated solar 
illumination. 
 
Figure 2.3 Example current density-voltage characteristic for an operational solar cell demonstrating 
the extraction of key performance parameters. 
The performance of a solar cell can be described using a small number of parameters: Voc is the 
open-circuit voltage, measured as the applied bias at which no current flows; Jsc is the short-circuit 
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current density, which is the current density measured with no applied bias. The electrical power 
output of a solar cell is the product of the current and the voltage, which is maximised at some point 
on the current-voltage characteristic corresponding with a maximum power voltage, VMP, and a 
maximum power current density, JMP. The fill factor (FF) is defined as: 
 
   
      
      
 
(2.1) 
and so is a measure of the ‘squareness’ of the current-voltage curve. Overall power conversion 
efficiency (PCE) is given by: 
 
    
        
  
 
(2.2) 
where Ps is the power density of light incident on the device. Each of the parameters, Voc, Jsc, and FF 
must be maximised in order to give the highest PCE. We consider how this may be achieved by 
considering the various steps involved in the operation of an organic solar cell.[21] 
2.2.1 Exciton Formation 
The initial interaction between the organic semiconductor and the incident optical radiation is the 
absorption of a photon resulting in formation of a singlet exciton. This transition can only occur if the 
energy of the photon exceeds the energy gap of the semiconductor and the efficiency of this light 
harvesting can be readily ascertained by considering the absorption spectrum of the material.  If a 
photon is absorbed with an energy greater than the energy gap of the semiconductor the resulting 
singlet exciton has a higher electronic or vibrational energy but rapidly relaxes through internal 
conversion and vibrational relaxation to the lowest excited state, according to Kasha’s rule.[22,23] This 
process means that the excess energy of the photon with respect to the energy gap is lost and so the 
absorption of the semiconductor must be optimised not only to maximise absorption of the solar 
spectrum but also to minimise this energy loss, this suggests that an energy gap of ~ 1.5 eV is 
optimal for organic solar cells.[24–26] 
Conjugated polymers tend to have broad and strong absorption bands in the optical range and 
various chemical modifications, in particular the push-pull copolymer approach, have been 
developed in order to modify and optimise the solar harvesting.[9,11,27–29] Further, and typically more 
modest, adjustments to the absorption spectrum also arise from morphological effects such as 
effective conjugation length and aggregation.[30,31]  
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A simple way of enhancing light harvesting is to increase the thickness of the absorbing layer, 
however, whilst a thicker film generates more excitons, it may also introduce problems related to 
charge separation and especially charge transport (see discussion below).[32–34] Alternatively, thin 
film optical cavity and light trapping effects may be exploited to maximise absorption in the active 
layer.[35–40] Maximising the exciton formation in a solar cell means that more photons are captured 
and so, in principle, will lead to increased photocurrent generation and an increased value of Jsc. 
2.2.2 Charge Separation 
In Section 2.1 we identified the excitons in organic semiconductors as being of the Frenkel type, 
where the electron and hole are strongly bound together. Estimates for the exciton binding energy 
vary but are typically in the range 0.2-0.5 eV.[41–45] This represents a large energetic barrier to charge 
separation, which must be overcome in order to dissociate the exciton into a spatially separated pair 
of electron and hole polarons. Efficient exciton dissociation can be achieved by forming a 
heterojunction between two different organic semiconductors, as represented by Figure 2.4.[46,47] 
Differences in the electron affinities and ionisation potentials of the two materials make charge 
transfer from one to the other more energetically favourable. If the difference in electron affinities is 
large enough to overcome the exciton binding energy, an electron will be transferred from one 
material (electron donor) to the other (electron acceptor) to form hole and electron polarons in the 
respective materials.[48,49] This process occurs on an ultrafast time scale (fs-ps) and is represented in 
Figure 2.4a. The complementary process of hole transfer dissociating an exciton in the electron 
acceptor material also exists.[50–52] Recombination of a polaron pair shortly after exciton dissociation 
is known as geminate recombination, and limits photocurrent generation in some situations.[53,54] 
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Figure 2.4 Energy level diagrams of a heterojunction between an electron donor and an electron 
acceptor material showing a) exciton dissociation by electron transfer, and b) the interfacial bound 
charge transfer (CT) state. 
The precise mechanism of exciton dissociation remains a subject of debate, which this thesis does 
not seek to address directly, though it is pertinent to the discussion in Section 4.4.2, so we 
summarise the key points. Subsequent to exciton dissociation, the electron and hole polarons reside 
in different materials on opposite sides of the heterojunction, however, the spatial separation 
between them is not expected to be large, so we expect them to remain Coulombically bound. This 
bound state of a hole and electron polaron across a heterojunction interface is known as a charge 
transfer (CT) state, also sometimes called an exciplex if it is emissive.[55,56] CT states have been 
observed at a variety of organic heterojunctions, but their role in photocurrent generation is not yet 
clear. Debate largely revolves around whether the CT state is an intermediate to charge separation 
or whether charges are generated by a long-range process without passing through the CT state. 
Some experimental evidence has been found for photogeneration by both of these processes but it 
is not clear which is dominant in efficient photovoltaic devices.[57–64]  
Appropriate differences in the energy levels of the two materials at the heterojunction are 
important for maximising the photocurrent, Jsc, through efficient charge separation, but also for 
determining the output voltage of the solar cell. The maximum voltage generated by the 
heterojunction, Voc, is primarily set by the difference |LUMOA-HOMOD|, as defined in Figure 2.4, 
though is also subject to losses resulting from charge transport and extraction (see below).[65,66] 
Increasing this energy level separation can increase Voc, but compromises exciton dissociation if the 
HOMO and LUMO offsets are made too small.[26] 
31 
 
An additional limiting factor for charge separation is the exciton diffusion length, which is generally 
reported to be around 5-10 nm in conjugated polymers.[67–70] This means that only excitons formed 
within this distance of the heterojunction will be efficiently dissociated so in a planar heterojunction 
device only a very thin layer of the light absorber can contribute to the photocurrent. The bulk 
heterojunction was developed in order to overcome this limitation, where the electron donor and 
electron acceptor materials are mixed together in solution and deposited as a blend. An indicative 
representation of this structure is given in Figure 2.5. The intention is to produce a distributed 
heterojunction throughout the thickness of the active layer (typically 100 nm thick) so that every 
part of the light absorbing material is within an exciton diffusion length of a heterojunction.[71,72] Bulk 
heterojunctions have been found to be a very effective way of producing solar cells with high Jsc and 
the best overall device performance.[73] This structure does, however, introduce problems for charge 
transport. 
 
Figure 2.5 Illustration of a bulk heterojunction film comprising domains of two semiconducting 
materials. 
2.2.3 Charge Transport 
Once separated charges have been generated at the heterojunction, the electron and hole polarons 
must be transported out of the bulk of the active layer. Localisation of the polarons and energetic 
disorder, which were discussed in Section 2.1, limit the transport of charges in organic 
semiconductors, but there are other challenges to be overcome too. Recombination of hole and 
electron polarons within the active layer prevents them from contributing to the photocurrent. After 
charge separation, the electron and hole polarons are expected to be confined to the electron 
accepting and electron donating materials respectively, which would prevent this recombination; 
however, heterojunction interfaces and the presence of minority charge carriers mean that 
recombination is a major loss mechanism.[74–76]  
Charge recombination is minimised by transporting charges away from the interface and out of the 
active layer as quickly as possible. This reduces the probability of a polaron encountering another 
polaron of the opposite polarity.[77,78] The ease with which charges can be transported though a 
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semiconductor is quantified by their mobility [cm2/Vs] and is a useful experimental parameter for 
comparing charge transport in different samples. Energetic traps and heterojunction interfaces 
provide particular opportunities for charge recombination and so need to be minimised. A specific 
problem for bulk heterojunctions is that the large interfacial area (which is important for charge 
separation) encourages recombination. It is also likely that isolated or poorly interconnected 
domains will exist such that charges generated within them cannot be transported away and so are 
trapped until they recombine.[79–81] A further problem arises if a domain of one semiconducting 
material connects both sides of the active layer, which is described as a shunt, and acts as a short 
circuit across the device. These problems would be addressed by the formation of an idealised bulk 
heterojunction, illustrated by Figure 2.6, in which the two semiconducting materials form 
interdigitated, bicontinuous domains with no shunt connections.[73,82] 
 
Figure 2.6 Illustration of an idealised heterojunction film comprising interdigitated, bicontinuous 
domains of two semiconducting materials with no shunt connections. 
The efficiency of charge transport in organic solar cells is directly related to Jsc, but high levels of 
recombination, series resistance and shunt connections also compromise FF and Voc.
[83–85] 
2.2.4 Charge Extraction 
The final step in solar cell operation is the extraction of charges from the semiconductors into an 
electrical circuit. This is achieved by the addition of conductive electrodes to opposite faces of the 
active layer, one of which must be transparent (e.g. indium tin oxide, ITO) so that light can enter and 
be absorbed by the device. The use of two different electrode materials with different work 
functions introduces a built-in bias which drives the electron and hole polaron towards their 
respective electrodes.[65] The efficient extraction of charges from the semiconductors into the 
electrodes is achieved by matching the work functions to the appropriate energy levels of the two 
semiconductors so that there is no energetic barrier to charge extraction: the hole-extracting 
electrode work function should match the HOMO level of the electron donor, and the electron-
extracting work function should match the LUMO level of the electron acceptor.[86] Low work 
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function metals such as calcium and aluminium are effective as electron extracting electrodes, but 
these reactive materials tend to compromise the stability of the device.[87] 
2.3 Blend Film Morphology and Device Performance  
The above description of organic solar cells highlights the key considerations for photovoltaic 
operation but represents a simplified picture of real devices. The structure of the organic thin film is 
in reality extremely complex and difficult to control, but critically important for efficient device 
performance. The term ‘morphology’ is applied generally to describe these factors, and 
encompasses all structural factors from the molecular scale to the largest dimension of the active 
layer (millimetres for our devices).[88] There is considerable variation in published literature 
regarding the use of particular words related to morphology but we have endeavoured to use terms 
consistently throughout this thesis. 
One particular term which is used in this thesis, but which should be explained is ‘molecular order’. 
Molecular order refers to the quality of molecular packing over short length scales, and so falls 
between the concepts of molecular conformation and crystallinity in the morphological hierarchy.[89] 
Potential confusion arises from the intimate connection between these concepts: the degree of 
molecular order is largely determined by the distribution of molecular conformations in the sample, 
and a crystalline sample would represent the extreme case of molecular order extended into a 
periodic structure.[90–92] Molecular order is a useful concept for conjugated polymers because it can 
describe the intermolecular packing, which is important for device operation, in materials which are 
not truly crystalline.[93–95] 
The broad aim of this project was to understand the relationships between thin film morphology and 
device performance in organic and hybrid solar cells. In order to address this broad scope, we have 
selected a small number of different material systems and processing conditions from which to gain 
insight regarding these relationships. Here we provide brief descriptions of the main factors and 
problems related to morphology for the classes of device considered in this thesis. 
2.3.1 Polymer/Fullerene Blends 
Polymer/fullerene blend photovoltaics have emerged as the most prominent class of polymer-based 
solar cell yielding the highest published efficiencies (over 9 %).[96,97] The polymer acts as the main 
light-absorbing material and electron donor, whilst fullerene derivatives are used as the electron 
acceptor.  
The relationship between morphology and charge generation in polymer/fullerene blend films is not 
yet clearly understood, in part due to ongoing debate over the charge generation process (see 
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Section 2.2.2). The bulk heterojunction morphology can be described in terms of phases of different 
purities: relatively pure phases of polymer or fullerene, and an intermixed phase.[98–100] The roles and 
ideal proportions of these phases are unclear but each one appears to play an important role. 
Studies of polaron yields using transient absorption spectroscopy indicate that the intermixed phase 
is active in exciton quenching and charge generation, but that the relatively pure polymer phase and 
fullerene aggregates are required for charge separation.[99–105] In addition to efficient charge 
generation, an optimised morphology also requires effective charge transport with minimal 
recombination losses, which is typically expected to necessitate pure, ordered domains.[106,107] This 
complicates the situation since the morphological demands of charge generation and charge 
transport appear to conflict and so an appropriate balance may be required. 
The majority of fundamental studies regarding the relationship between morphology and 
performance have considered a small number of well-known materials, but new polymers are 
constantly being developed, yielding increasing device efficiencies. Given the wide variety of 
optoelectronic and material properties of these new polymers it is unlikely that their optimised 
morphological requirements are the same.[108,109] Many such new materials are of the donor-
acceptor copolymer type, which are a particular focus of this thesis (see Chapter 6 and Chapter 7), 
and so studies of these materials have a particular relevance.[11,110] 
Various factors and techniques are known to control or influence the active layer morphology. Most 
fundamentally, the chemical structures of the materials and the molecular weight of the polymer 
play a critical role in determining the molecular packing and phase separation properties.[111–113] 
Solubility is also dependent upon the chemical structure, and the choice of solvent has profound 
effects on the size and purity of phases in the film.[114–116] The deposition conditions and treatments 
applied subsequent to film formation such as solvent or thermal annealing affect the degree of 
interdiffusion of the fullerene and can also allow a rearrangement of the polymer molecular 
order.[117–120] The morphological effects of all of these factors have strong impacts on the device 
performance properties, affecting one or more of the processes described in Section 2.2. 
2.3.2 Polymer/Polymer Blends 
Polymer/polymer blends were among the first bulk heterojunction solar cells but their development 
was quickly eclipsed by the polymer/fullerene alternative.[72] However, a recent resurgence of 
interest has seen published efficiencies rapidly rise to over 5%.[121,122] The relatively poor 
performance of polymer/polymer (relative to polymer/fullerene) solar cells has largely been 
attributed to problems with the blend film morphology.[123–125] A lack of suitable electron 
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transporting polymers with deep LUMO energies and high electron mobility has also been 
considered a limiting factor, though such materials are now being developed.[121,126] 
A fundamental challenge is the inherent tendency of polymer blends to phase separate, resulting in 
domains which are too large for efficiency exciton dissociation.[127] As a result, the optimum device 
performance is achieved with a non-equilibrium morphology and so further phase separation is 
expected to degrade the device performance over time.[123] In order to produce blends with the 
desired morphology, the film formation process needs to be controlled to permit only partial phase 
separation. Thermal annealing above the glass transition temperature, or exposure to solvent 
vapour are both ways of producing a controllable degree of phase separation, but the morphology is 
also sensitive to molecular weight, blend ratio, and the choice of solvent.[124,128–130] 
In addition to the sizes of the phase separated domains it has become apparent that the purity of 
these domains and degree of molecular order within them is also sensitive to the film processing 
conditions and has a significant effect on device performance.[131,132] Specifically, an appropriate 
choice of solvent can simultaneously produce an appropriate scale of phase separation and result in 
close π-π polymer stacking within the domains.[129] A related consideration regards the properties of 
the heterojunction interface itself, which are expected to be relatively diffuse in a solution deposited 
blend. There is some evidence that this diffuse interface is beneficial for exciton dissociation but 
detrimental to charge separation and so an optimum level of interface sharpness is required.[133,134] 
The importance of interfacial regions is similar to the discussion of intermixed phases in 
polymer/fullerene blends though we note that charge transfer states (exciplexes) are more readily 
observed in polymer/polymer blends and so this appears to be a particular issue in this case.[54,55,135] 
2.3.3 Polymer/Inorganic Blends 
Solar cells comprising blends of conjugated polymers with inorganic materials are often known as 
hybrid devices and seek to combine the best properties of both classes of semiconductor.[136–138] A 
wide range of materials and morphologies fall within this definition but the ones of immediate 
interest are those which are solution processable. A fundamental challenge is that inorganic 
semiconductors are not themselves soluble, so they need to be modified in order to be compatible 
with solution deposition. This can be achieved using solubilising ligands on inorganic nanoparticles or 
by forming the inorganic material in situ after depositing a soluble precursor material.[139,140] In both 
cases the resulting inorganic material needs to form a well dispersed network within the polymer 
matrix. The primary concern of research in this field seems to have been the formation of a suitable 
inorganic structure, which has been demonstrated, but it has become clear that the morphology of 
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the polymer component and the polymer/inorganic interface are also critically important for 
efficient device operation.[140–143] 
The poor performance of some hybrid solar cells has been attributed to the properties of the 
polymer/inorganic interface, though it is not yet clear precisely what the nature of the problem is 
and whether it can be resolved using appropriate processing techniques.[144–147]  
2.4 Raman Scattering 
In order to address the scientific questions regarding the relationship between thin film morphology 
and device performance, this study makes use of a variety of characterisation techniques, but relies 
particularly on Raman spectroscopy. 
Raman spectroscopy is based on the inelastic scattering of light by molecules, where the differences 
in energies of the incident and scattered photons correspond to the quantised energy levels of 
molecular excitations. Experimentally, this effect is usually observed using laser excitation with a 
photon energy less than the optical energy gap (S0 to S1 in Figure 2.7) of the molecule, known as 
non-resonant Raman spectroscopy. In this case, the molecule is promoted to a virtual excited state 
and relaxes back to the electronic ground state (S0). Most of the molecules relax to their original 
energy level so that the scattered photon has the same energy as the incident photon (Rayleigh 
scattering), but a small proportion of molecules relax to different energy levels (we consider 
vibrational energy levels), resulting in the scattered photons having new energies (Raman 
scattering). The difference in energy of the incident and scattered photons is the Raman shift, 
usually measured in units of [cm-1]. The Raman and Rayleigh scattering processes are illustrated 
schematically by Figure 2.7. 
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Figure 2.7 Diagram illustrating the energy level transitions in Rayleigh and Raman scattering (Stokes 
and Anti-Stokes). 
The two types of Raman scattering shown in Figure 2.7 arise because there is a non-zero population 
of molecules in excited vibrational states (v > 0) within the ground electronic state (S0) and so it is 
possible for the final energy level of the molecule to be lower than its initial energy, resulting in the 
scattered photon gaining energy (Anti-Stokes scattering). At low temperatures, the population of 
vibrationally excited states is small so Stokes scattering (where the scattered photon has reduced 
energy) is much stronger than Anti-Stokes scattering. Detailed descriptions of Raman scattering are 
available in text books so this description focusses on the specific application of the technique to 
morphological characterisation of conjugated polymers.[148,149] Some additional detail related to the 
interpretation of Raman spectra is provided in the Appendix. 
2.4.1 Raman Spectroscopy of Conjugated Polymers 
Vibrational Raman scattering originates in the polarizabilities of molecules (specifically the change in 
polarizability associated with vibrational normal modes), and so conjugated molecules, which have 
highly delocalised π-electron densities and so are highly polarizable, show very strong Raman 
scattering cross sections.[150] As a result, Raman spectroscopy is very well suited to the analysis of 
conjugated polymers. 
One of the most well-known conjugated polymers is poly(3-hexylthiophene) (P3HT), which is 
investigated extensively in this thesis and provides a good illustrative example.[151] Figure 2.8 shows a 
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Raman spectrum measured for regioregular P3HT (rrP3HT) (Merck, Mw 34.1 kg/mol, Polydispersity 
1.7, regioregularity 94.7%) measured using 457 nm excitation. 
 
Figure 2.8 Normalised Raman spectrum of regioregular P3HT measured with 457 nm excitation, 
showing assignments of vibrational normal modes. Chemical structure of P3HT shown inset. 
The strongest Raman scattering peaks for conjugated polymers are usually observed in the region 
500-1800 cm-1, among these the dominant peaks lie in the region 1300-1700 cm-1 and correspond 
with stretching modes of the carbon bonds in the conjugated polymer backbone. The assignments of 
the observed peaks in the rrP3HT spectrum are indicated in Figure 2.8. The strongest peak is at 
1450 cm-1 and is identified as a symmetric stretch of the C=C bonds along the backbone of the 
polymer.[91] In this example, all of the strong Raman modes observed originate in vibrations of the 
conjugated backbone of the molecule, which is the optically active part (i.e. the chromophore). This 
is typical of conjugated polymers and is frequently described using the effective conjugation 
coordinate model. 
2.4.2 Effective Conjugation Coordinate Model 
Various models have been developed to describe the Raman spectra of conjugated polymers; these 
models attempt to account for several characteristic features: the dominance of a small number of 
Raman-active modes in the spectrum (even far from resonant conditions); very large Raman 
scattering cross sections; and Raman dispersion, where the frequencies of some Raman-active 
modes shifts as a function of the excitation wavelength or the molecular effective conjugation 
length. All of the models account for these features in terms of a strong electron-phonon coupling.  
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The simplest of these models, known as the conjugation length model (CLM) handles the Raman 
dispersion effect by modelling the polymer as a distribution of different effective conjugation length 
segments, where the vibrational frequencies are inversely proportional to the effective conjugation 
length.[152–155] The amplitude mode model (AMM) introduces an electron-phonon coupling 
parameter,   , which describes the delocalisation of the π-electrons along the conjugated structure, 
though assumes an infinitely long conjugated chain.[156,157] This is similar in interpretation to the CLM 
except that a     distribution is invoked rather than a distribution in conjugation lengths.[158] The 
AMM was developed specifically with polyacetylene in view and required generalisation to apply to 
more complex conjugated polymers. This reformulation results in the effective conjugation 
coordinate model (ECCM).[159–161]  
The central hypothesis of the ECCM is that a single dipole-allowed electronic state is responsible for 
the observed Raman scattering, independently of resonance effects (compare with the description 
of resonance Raman scattering in the Appendix).[162,163] In conjugated polymers the excited state of 
relevance is the first excited state, and the transition from the ground state to this excited state is 
characteristically described as a stretch of the C=C bonds and a contraction of the C-C bonds along 
the conjugated backbone. The displacements of the nuclei corresponding with this transition are 
described by an internal coordinate, Я. This model has been applied to several different conjugated 
polymers, and Figure 2.9 shows how Я is defined for polyacetylene, polythiophene, and 
polyparaphenylenevinylene.[164–168] 
 
Figure 2.9 Diagram showing definitions of Я coordinates for (top to bottom) polyacetylene, 
polythiophene, and polyparaphenylenevinylene.[162] 
The Я coordinate describes the direction along which the electron-phonon coupling is most effective, 
and so the strongest peaks are measured for those Raman-active normal vibrational modes which 
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have strong contribution along Я. For conjugated polymers, these are usually the C-C and C=C 
collective stretching modes along the backbone.[162,163] Raman dispersion in this model is described 
by the effective force constant, FЯ, which depends on the effective conjugation length and increased 
conjugation leads to lower FЯ values.
[162,169,170] This connection between the Raman spectrum and the 
extent of π-electron delocalisation means that the frequencies and intensities of Raman peaks can 
be used to probe molecular structures and conformations.[91,171,172] This type of analysis has been 
used extensively for several different conjugated homopolymers but it is not yet clear how well it 
applies to more complex, donor-acceptor copolymers, which are a particular focus of the latter part 
of this thesis. 
Applying this understanding to the example of P3HT (above), all the observed modes lie within the 
conjugated backbone of the molecule, since this is where the optically active part of the molecule 
(chromophore) is, and hence they experience the electron-phonon coupling described by the ECCM. 
The first strongly dipole-allowed transition for P3HT is described as a π-π* transition from an 
aromatic to a quinoidal structure where the double bonds get longer and the single bonds get 
shorter, we therefore expect the symmetric C=C and C-C stretching modes of the backbone (1450 
and 1380 cm-1) to dominate the Raman spectrum as we observe in Figure 2.8.[166] 
2.4.3 Resonant Raman Spectroscopy 
It has already been noted above that conjugated polymers show strong electron-phonon coupling, 
which results in large Raman scattering cross sections. These materials also generally have relatively 
small optical energy gaps and high extinction coefficients, which means that they interact strongly 
with visible excitation laser wavelengths. If the laser excitation wavelength falls within an absorption 
band of the sample the resonant condition is satisfied and results in an increase in Raman scattering 
cross section by several orders of magnitude (see Appendix for additional detail).[150] By selecting 
different excitation wavelengths it is possible to selectively probe particular populations within a 
sample according to their absorption spectra. This can be used to distinguish different materials in a 
blend (Chapter 4), or different morphological phases within a single material (Chapter 5). In the case 
of a material with multiple absorption bands, comparing the Raman spectra measured with resonant 
excitations for the different bands can also be used to distinguish the nature of the different 
electronic transitions (Chapter 6). 
The origin of the resonant enhancement is described as Franck-Condon (A term) scattering (see 
Appendix for more detail), where the excitation couples resonantly with an electronic 
transition.[149,163] The strength of the Raman scattering for a particular vibrational mode depends on 
the Franck-Condon overlaps of vibrational wavefunctions, which are determined by the differences 
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in the ground and excited state potential energy surfaces. This is represented in Figure 2.10 for a 
vibrational mode j with vibrational coordinate Qj, where the excited state potential energy minimum 
is displaced by ΔQj. The Franck-Condon factor for Raman scattering is zero when ΔQj is zero, which 
means that the resonant enhancement is only observed for the vibrational modes which correspond 
with a geometric change between the ground and excited states.[162,173,174] 
 
Figure 2.10 Resonant Raman transition showing potential energy surfaces for vibrational mode j in 
the ground and excited electronic states of the molecule. 
For a polymer like P3HT, the lowest absorption transition has π-π* character and so the difference in 
nuclear geometries for the ground and excited states is an alternation of the conjugated C-C and C=C 
bonds. Therefore, resonant excitation of this absorption band enhances the vibrational modes of 
these bonds, in particular the 1450 cm-1 mode, which corresponds most directly with alternation of 
the conjugated bond lengths. Figure 2.11 compares this part of the Raman spectrum for rrP3HT 
under different excitation wavelengths and indicates their position within the absorption spectrum. 
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Figure 2.11 a) Normalised absorption spectrum of rrP3HT thin film showing spectral positions of 
Raman excitation lasers. b) Normalised Raman spectrum of regioregular P3HT showing effects of 
different excitation wavelengths (457 to 785 nm) on main peaks (1300-1600 cm-1 range). 
Excitation at 785 nm gives the non-resonant Raman spectrum for rrP3HT, but the other excitations 
(514, 488, and 457 nm) all lie within the main visible absorption band and so are strongly resonant. 
Absolute Raman scattering cross sections are not easily measured for thin film samples so it is 
difficult to quantify the strength of the resonant enhancement but the shapes, positions and relative 
intensities of the peaks also show differences under resonant conditions (Figure 2.11b). For rrP3HT, 
as the excitation wavelength gets shorter, the 1450 cm-1 broadens towards higher energy, the 
intensity of the 1515 cm-1 mode increases and the 1380 cm-1 decreases (relative to the 1450 cm-1 
peak). These changes in the Raman peaks for different excitations within the main absorption band 
are most readily interpreted as selective excitations of different conformational populations within 
the sample; i.e. shorter excitation wavelengths interact more strongly with chromophores with 
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shorter effective conjugation lengths. The spectral differences noted above correspond well with 
those expected for more disordered phases of P3HT (see below).[91,155,175] 
2.4.4 Raman Spectroscopy and Morphology 
The frequencies of vibrational normal modes and the strengths of electron-phonon couplings are 
sensitive to the molecular conformation and packing of conjugated polymers.[155,162] As a result, the 
spectral positions and relative intensities of their Raman peaks are strongly dependent on the 
polymer morphology, and so Raman spectroscopy is an effective tool for identifying and quantifying 
proportions of different morphological phases.[91,176–178]  
Figure 2.12 demonstrates the impact of polymer morphology on the Raman spectrum of P3HT. In 
this case regioregular and regiorandom P3HT thin films are compared as examples of highly ordered 
and disordered samples, respectively. The regiorandom material (rraP3HT) has 1:1 head-head:head-
tail inter-unit linkages (Sigma-Aldrich, Mw ~ 87kg/mol) and so is expected to be totally amorphous, 
whilst rrP3HT is semi-crystalline.[91] 
 
Figure 2.12 Normalised Raman spectra (785 nm excitation) of regioregular and regiorandom P3HT 
showing impact of morphology on the main Raman peaks (1300-1600 cm-1). 
The comparison in Figure 2.12 shows a number of clear differences in the Raman spectra of the 
ordered (rrP3HT) and disordered (rraP3HT) polymer: the 1450 cm-1 (symmetric C=C stretch) peak 
shifts towards higher energy (1471 cm-1) and broadens (FWHM increases from 26.2 to 49.0 cm-1), the 
1380 cm-1 (intra-ring C-C stretch) peak splits into two peaks at 1378 and 1392 cm-1 with reduced 
relative intensities, and the 1515 cm-1 (asymmetric C=C stretch) shifts to higher energy (1521 cm-1) 
and increases in relative intensity. In rrP3HT the majority of thiophene units are in the same head-
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tail environment, whereas in rraP3HT, a large proportion of units will be subject to steric hindrances 
from tail-tail alkyl chains. This results in the observed splitting of the intra-ring C-C stretch peak 
(1380 cm-1), and the broadening of the symmetric C=C stretch peak representing the broader 
distribution of conformational states. The shift in the C=C peaks (1450 and 1515 cm-1) to higher 
energy is consistent with disruption of the effective conjugation in the disordered polymer, which 
results in a localisation of the π-electron density on the thiophene rings and increases the C=C bond 
force constant.[91] The increased intensity of the asymmetric C=C stretch peak (1515 cm-1) also 
appears to result from the disruption of polymer conjugation and may result from an increased 
proportion of thiophene rings having a large dihedral torsion on one side, enforcing an asymmetric 
geometry.  
These observations regarding the differences in the Raman spectrum of P3HT in ordered and 
disordered morphological phases prove to be a valuable diagnostic tool in the characterisation of 
organic photovoltaic thin films throughout this thesis. 
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Chapter 3  
Experimental Methods 
This Chapter describes the main experimental techniques used in this thesis for sample preparation 
and characterisation. The preparation of thin film samples and devices is described followed by a 
description of the various spectroscopic characterisation techniques: absorption, photoluminescence, 
electroluminescence, and Raman spectroscopy. Atomic force microscopy is briefly outlined in addition 
to the characterisation of photovoltaic device performance. Finally, the use of density functional 
theory for calculation of optimised molecular geometries and Raman-active vibrational modes is 
described.   
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3.1 Sample Preparation 
3.1.1 Solution Deposition 
All of the conjugated polymers and fullerene derivatives investigated in this thesis are soluble in 
organic solvents and so thin films were deposited by spin coating from solution. The preparation of 
solutions and deposition of materials was carried out in a Class 1000 cleanroom facility (Blackett 
Laboratory) to prevent contamination. Optical filters were used in the cleanroom to minimise 
exposure to short wavelengths of light. Where samples were prepared by collaborators in other 
laboratories this has been noted within the text. 
Solvent was weighed out using a Mettler Toledo balance (0.1 mg resolution), and solvent was added 
with an Eppendorf  esearch adjustable pipette (1 μl resolution).  arious solution parameters were 
used in this work and are separately noted in the relevant places but a typical solution would contain 
20 mg/ml of polymer in chlorobenzene with a total volume of 2 ml. Magnetic stirrer bars were 
added to the solution and they were stirred for several hours at temperatures up to 60 °C where 
necessary to ensure complete dissolution. For blend samples the component materials were first 
prepared as separate solutions and then mixed together in the desired ratios. Solutions were passed 
through PTFE filters (0.45 μm pore si e) prior to deposition. 
Thin film samples were formed using a Laurell Technologies Corporation WS-650SZ-6NPP/LITE spin 
coater. Typical deposition conditions were 2000 rpm for 90 s but were varied in order to yield the 
desired film thicknesses (~ 100 nm). Film thicknesses were ascertained by measuring the profile of a 
scratch in the film with a Tencor Instruments Alphastep 200 profilometer. Variation in thicknesses 
across the films and limited repeatability of the deposition process mean that thicknesses typically 
have ± 10 nm errors, or greater when film quality is poor.  
Glass substrates were cleaned prior to spin coating by ultrasonication in a series of solutions and 
solvents for 20-30 minutes for each step (2 % Hellmanex III solution, deionised water, isopropanol, 
acetone, isopropanol, acetone) then finally dried with a nitrogen jet. For spectroscopic studies, 
Spectrosil 2000 fused silica substrates (12 × 12 × 1.5 mm) were used. 
3.1.2 Diode Devices 
Photovoltaic (and light emitting diode) devices were prepared in a diode architecture, which is 
schematically illustrated in Figure 3.1. The glass substrates have a sputtered 150 ± 15 nm layer of 
Indium tin oxide (ITO), which serves as the transparent electrode permitting light to enter (or leave) 
the active layer. Subsequent to the substrate cleaning (as described in 3.1.2) the ITO surface is 
treated by oxygen plasma ashing (Emitech K1050X). A 30-40 nm thick hole transporting layer of 
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poly(3,4-ethylenedioxythiophene):poly(styrenesulfonate) (PEDOT:PSS Clevios P VPAI 4083) is 
deposited by spin coating. The sample is then baked at 120 °C for 20 minutes to dry the PEDOT:PSS 
layer before adding the active layer of organic semiconductor. To complete the device structure the 
sample is then transferred to a nitrogen filled glovebox. Metal electrodes are added by thermal 
evaporation under vacuum (< 1 × 10-6 mbar). A typical low work function electrode consists of a 
20 nm layer of calcium followed by 80 nm of aluminium. A mask is used to define active pixel areas 
of 4.5 mm2. 
 
Figure 3.1 Schematic diagram representing a typical organic solar cell device structure. 
A region of the organic film (away from the evaporated electrodes) is then scratched off and silver 
paste is used to make an electrical contact to the ITO layer beneath. The low work functional metal 
electrodes are sensitive to oxidation so devices are kept and tested in a nitrogen atmosphere. 
Additional steps such as thermal annealing may be included either before or after evaporation of 
metal electrodes and these are carried out on a hot plate under nitrogen.  
Charge carrier mobility measurements in the diode structure use different electrode materials to 
produce single carrier devices. For hole-only devices, the calcium/aluminium electrode is replaced 
with 80 nm of gold, and for electron-only devices, 100 nm of aluminium is used for both electrodes.  
3.1.3 Absorption Spectroscopy 
Absorption spectra were measured using a Shimadzu UV-2550 spectrophotometer (UV-2600 for 
wavelengths longer than 1000 nm). The instrument actually measures the transmitted intensity (I) 
but we convert it to absorbance (A) using, 
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  (3.1) 
where I0 is the reference value of transmitted intensity measured in the absence of the sample. 
Some confusion arises from the alternative conventions of using the natural logarithm or the 
base 10 logarithm, both of which are found in literature. We have used the former (Equation (3.1)) 
throughout, though it makes no difference for normalised spectra.  
Absorbance measured in this way does not account for any diffuse or specular scattering effects and 
so these can introduce artefacts into the measurement. Spline fitting can be used as an approximate 
way of removing such artefacts from the baseline and setting the absorbance to zero at long 
wavelengths. 
3.2 Photoluminescence and Electroluminescence Spectroscopy 
Photoluminescence spectra were measured using a Jobin Yvon Horiba Fluoromax-3 
spectrofluorometer. The excitation wavelength for these measurements is chosen to match the peak 
of the absorption spectrum in order to maximise the emission spectrum, which tends to be weak for 
the photovoltaic materials considered in this thesis. Electroluminescence spectra were recorded 
with a Minolta LS100 luminance meter, whilst driving the diode device in forward bias in a nitrogen 
filled sample chamber. 
3.3 Raman Spectroscopy 
Throughout this work Raman spectra were measured using a Renishaw inVia spectrometer coupled 
through a Leica DM2500M microscope (50 × objective) in back-scattering configuration. The 
spectrometer has a 1 cm-1 spectral resolution and the excitation laser is focussed to a ~ 1 μm spot. 
Three laser sources were used with different emission wavelengths and powers (measured at 
sample): 785 nm diode laser (130 mW, Renishaw HPNIR785), 633 nm He-Ne laser (12 mW, Renishaw 
RL633), and an argon ion laser with emission at 514, 488, and 457 nm (11, 9, and 2 mW, Modu-Laser 
Stellar-REN). Additionally, access to a 1064 nm Nd:YAG laser and a 325 nm He-Cd laser for some 
measurements was provided by Renishaw PLC. Wavelength-specific edge filters were used to filter 
out the dominant Rayleigh scattering in order to measure the Stokes shifted Raman scattering.  
Various excitation conditions and exposure times were used in order to record clear Raman spectra 
for different samples. Samples were measured in a chamber purged with nitrogen in order to 
minimise degradation, and for particularly sensitive materials the laser spot was defocussed to 
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reduce damage. Background photoluminescence was subtracted from the Raman spectra using a 
polynomial baseline fit. 
3.3.1 Calibration 
Spectral calibration was achieved based on the sharp 520 cm-1 Raman peak of a silicon reference 
sample (1332 cm-1 peak of a diamond reference used for 325 nm excitation). The measured spectra 
are typically not adjusted for the instrument response so quantitative comparisons of Raman peak 
intensities for different experimental conditions are not meaningful. In order to measure Raman 
scattering cross sections, relative instrument response functions were measured using a LS-1 Ocean 
Optics (3100 K) light source with a known emission spectrum. It was not possible to measure 
absolute instrument response functions due to the inefficient optical coupling of scattered light into 
the instrument.  
3.3.2 Raman Cross Sections 
Direct measurements of absolute Raman scattering cross sections are technically challenging and 
require specialised equipment; however, indirect measurements can be made based on published 
values for reference materials.[1] One such reference material is chloroform which is a good solvent 
for many conjugated polymers and so Raman spectra of these materials dissolved in chloroform with 
a known concentration can be used to determine absolute Raman scattering cross sections. Figure 
3.2 shows example spectra for the polymer DPPB-3Se (see Chapter 6). 
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Figure 3.2 Raman spectra of a) chloroform, and b) DPPB-3Se dissolved in chloroform. Spectra 
measured using 457 nm excitation and corrected for relative instrument response function prior to 
subtraction of the photoluminescence background. 
The cross sections of the chloroform Raman peaks are quoted for 514.5 nm excitation and so must 
be adjusted for other excitation wavelengths using the classical non-resonant dependence for a 
photon counting spectrometer:[1] 
 
  
  
  
 
         
  (3.2) 
where, 
βj
0 is the frequency independent Raman cross section for mode j [cm6 molecule-1 sr-1] 
βj’ is the Raman cross section for mode j under excitation at frequency ω0 [cm
2 molecule-1 sr-1] 
ω0 is the excitation frequency [cm
-1] 
ωj is the vibrational frequency of Raman mode j [cm
-1] 
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The measured peak intensities were scaled to the strongest chloroform Raman peak (667 cm-1) 
resulting in calibrated values for the other chloroform peaks from 261 to 3032 cm-1. These values are 
given in Table 3.1. Comparing these measured values for the various chloroform peaks with the 
reference values provides an indication of the systematic errors in this measurement. Such errors 
are likely to arise from small differences in the measurement geometry (though nominally 
unchanged) between measurements, and the relatively large discrepancy for the 785 nm excitation 
is attributed to the weak Raman scattering and poor spectrometer sensitivity in the IR range. 
Table 3.1 Reference and measured values of Raman scattering cross sections for chloroform.[1] 
×10
-30
 cm
2
 molecule
-1
 sr
-1
 261 cm
-1
 364 cm
-1
 667 cm
-1
 758 cm
-1
 3032 cm
-1
 
Reference βj’ (457 nm) 11.5 10.4 11.1 5.4 8.9 
Measured βj’ (457 nm) 7.7 ± 0.2 9.1 ± 0.5 11.1 ± 0.2 5.0 ± 0.1 8.8 ± 0.1 
Reference βj’ (488 nm) 8.8 8.0 8.5 4.1 6.6 
Measured βj’ (488 nm) 6.0 ± 0.1 7.4 ± 0.1 8.5 ± 0.2 3.3 ± 0.1 7.9 ± 0.2 
Reference βj’ (514 nm) 7.1 6.4 6.9 3.3 5.2 
Measured βj’ (514 nm) 3.9 ± 0.1 5.6 ± 0.1 6.9 ± 0.2 1.7 ± 0.1 6.0 ± 0.2 
Reference βj’ (633 nm) 3.1 2.8 2.9 1.4 2.0 
Measured βj’ (633 nm) 2.9 ± 0.1 2.7 ± 0.1 2.9 ± 0.1 1.5 ± 0.1 2.6 ± 0.1 
Reference βj’ (785 nm) 1.3 1.1 1.2 0.6 0.7 
Measured βj’ (785 nm) 0.93 ± 0.01 1.6 ± 0.1 1.2 ± 0.1 0.15 ± 0.03 0.09 ± 0.01 
 
Raman spectra for the polymer solutions show the peaks from the solvent superimposed upon those 
of the polymer (Figure 3.2b). Peak fitting with pseudo-Voigt peak shapes was used to separate the 
contributions from overlapping Raman peaks and the intensities of the polymer Raman peaks 
relative to the 667 cm-1 chloroform peak were then used to calculate absolute cross sections for the 
various Raman-active vibrational modes. 
3.3.3 In Situ Raman Spectroscopy 
Since Raman spectroscopy is a non-invasive and non-destructive technique with minimal sample 
preparation requirements, it is well suited to a wide range of in situ measurements where Raman 
spectra can be recorded alongside other processes. In this way we have considered 
photodegradation of a conjugated polymer and the effects of thermal treatment on the evolution of 
the thin film morphology. 
For photodegradation studies, the Raman excitation laser was used as both the probe for the Raman 
spectrum and also as the light source for photodegradation. The intensity of the laser spot is very 
much higher than that of operational conditions for a solar cell, so this accelerates the degradation 
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process and makes it observable on practical time scales. The thin film sample was measured in a 
chamber purged with nitrogen, and two excitation wavelengths were compared (457 and 785 nm), 
both with comparable intensities incident on the sample (2-3 × 109 Js-1m-2) for exposure times up to 
10,000 s. Changes in the measured Raman spectra recorded as a function of exposure time reveal 
the sensitivity of the material to these different excitation wavelengths and provide insight into the 
photodegradation mechanism. 
Temperature dependent Raman spectra were measured using a Linkam THMS600 hot-cold cell in 
order to control the temperature of the sample. Again, the cell was purged with nitrogen gas and the 
rate of temperature change was controlled (10 °C/minute or fixed temperature) in order to ensure 
repeatability of the measurements. In this thesis, temperatures over the range 20-300 °C have been 
considered. 
3.4 Atomic Force Microscopy 
Organic electronic devices are sensitive to morphological effects on length scales much smaller than 
the optical diffraction limit, and so atomic force microscopy (AFM) provides a valuable tool for 
observing physical features on the nanometre scale. The lateral resolution of AFM is limited by the 
dimensions of the cantilever tip (~ 5 nm), but contact between the tip and the sample can easily 
damage both and so can be the limiting factor. This is overcome using a non-contact measurement 
mode, which is illustrated in Figure 3.3. The cantilever tip is held close to the sample surface, in the 
regime where the attractive electrostatic force is dominant, and driven close to its resonant 
frequency (~ 330 kHz). A laser beam reflected off the back of the cantilever onto the centre of a 4-
quadrant photodiode is used to monitor changes in the tip position. As the piezoelectric XY-scanner 
moves the sample under the cantilever tip, the distance between the sample surface and tip varies 
according to the surface topography. This results in changes in the strength of the electrostatic 
interaction experienced by the tip, and so the resonant frequency of the cantilever is affected. A 
feedback loop adjusts the tip-sample distance via the piezoelectric Z-scanner in order to maintain 
constant resonant frequency and amplitude of the cantilever oscillation so that the Z-scanner height 
corresponds with a map of the sample surface topography. Two instruments were used in this work. 
In Chapter 4 a NT-MDT Ntegra Spectra was used, but a Park Systems NX10 was used everywhere 
else.  
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Figure 3.3 Schematic diagram of AFM measurement in non-contact mode. 
3.5 Device Characterisation 
In order to elucidate the relationships between thin film morphology and organic semiconductor 
device performance it is necessary to measure the characteristics of complete devices. To some 
extent, the electronic properties (particularly charge carrier mobilities) can also be used as a 
diagnostic tool for morphological characterisation. Furthermore, since the motivation of this project 
is to produce high efficiency solar cells, techniques for evaluating the performance of these devices 
are fundamental to the work.  
3.5.1 Current-Voltage Characteristics 
The primary electronic characterisation of photovoltaic devices is the measurement of the current 
density as a function of voltage. This was performed with a Keithley 237 Source-Measure Unit 
connected via shielded cables to a nitrogen-filled chamber containing the device. The electronic 
properties of organic devices tend to be sensitive to their operational history so the testing protocol 
was kept the same in order to compare devices to one another. Typically the second measurement 
for each device was taken as representative. A quartz window on the sample chamber permitted 
measurement of the current-voltage characteristic under different illumination conditions (and also 
enabled measurements of the electroluminescence). A simulated AM 1.5 solar spectrum (Oriel 
300W solar simulator) was used to measure photovoltaic performance at 100 mW/cm2 illumination 
intensity. 
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3.5.2 External Quantum Efficiency 
The external quantum efficiency (EQE) of a photovoltaic device is the probability of an incident 
photon being converted into a charge carrier in the electric circuit. This depends on the wavelength 
(λ) of the incident photon so is defined by: 
 
       
     
    
 
(3.3) 
where,  
Iph is the measured photocurrent 
P0 is the incident optical power 
h, c, and e are Planck’s constant, the speed of light, and the electronic charge. 
Incident light was provided by an Oriel 7340 lamp with a Digikrom 240 monochromator to scan 
across the spectrum. The illumination was focussed to a spot ~ 1 mm in diameter, and it is important 
that it lies entirely within the active area of the device. Current was measured with a Keithley 236 
Source-Measure Unit, and the incident power was measured using a certificated photodiode 
(Newport 818-UV) with known responsivity. 
3.6 Density Functional Theory 
Density functional theory (DFT) provides a practical means by which chemical structures can be 
modelled to provide insight into their properties. Calculations to find optimised molecular 
conformations and to identify the Raman-active vibrational modes are invaluable for the 
interpretation of experimental results. In this thesis we have primarily used the B3LYP hybrid 
functional and the 6-31G(d,p) basis set, which provided a reasonable balance between accuracy of 
results and computational time requirements.[2–6] Where other methods have been used it has been 
noted in the text. All calculations were performed using the GAUSSIAN09 software package on the 
High Performance Computing service at Imperial College London.[7,8] 
Since the molecules of interest are polymers it was necessary to consider short segments of the 
molecular backbone (3-7 repeat units, depending on monomer size). The optoelectronic properties 
and molecular conformations of these materials are dominantly controlled by the conjugated 
backbone and so the alkyl side chains were truncated to methyl groups to make the best use of the 
computational resources available. Optimised geometries for these polymer segments were 
calculated and then frequency analysis was used to identify the Raman-active vibrational normal 
modes. Raman activities calculated in this way are not directly related to the observed peaks in 
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measured Raman spectra, but are sufficient to identify the nature of the observed modes. DFT 
calculations tend to systematically over-estimate vibrational frequencies of vibrational modes and so 
empirical scaling factors were applied to compensate.[9] 
 
Figure 3.4 a) Optimised geometry of a P3HT backbone segment, and b) comparison of Raman 
spectrum calculated with DFT and the measured spectrum of rrP3HT (both normalised). 
Figure 3.4 shows an example of a P3HT segment after DFT geometry optimisation and the 
corresponding calculated Raman activity spectrum. Comparison of the calculated Raman activity 
with the experimentally measured spectrum shows good agreement. The dominance of the 
1450 cm-1 mode is correctly predicted along with the positions and relative amplitudes of the other 
important modes. Throughout this thesis we find that DFT results match well with experimental 
spectra, though the relative peak intensities are not always accurate. The interpretation of 
vibrational modes predicted by DFT calculations is not entirely straightforward because the normal 
vibrational modes of large molecules typically involve a large number of bonds vibrating or wagging 
with different amplitudes and phase relationships. The identifications usually applied to the 
observed modes are simplifications based on which bonds show the greatest vibrational amplitudes. 
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Chapter 4  
Molecular Order in Polymer/Polymer Blend 
Devices 
We investigate the relationship between thin film morphology and device performance for 
polymer/polymer blend solar cells, exemplified by a model system comprising poly(3-hexylthiophene) 
(P3HT) and poly(9,9-dioctylfluorene-co-benzothiadiazole) (F8BT). We show that the interactions 
between these two conjugated polymers can be controlled by the formation of P3HT nanowires in 
solution and by varying the F8BT molecular weight. As a result, it is possible to form films containing 
highly ordered P3HT and so enhance the hole mobility by three orders of magnitude. Thermal 
annealing can also be used to modify the molecular packing of the F8BT and increase the electron 
mobility by an order of magnitude, depending on the molecular weight. This morphological control 
results in an enhancement of photocurrent, which we relate to a reduction in bimolecular 
recombination. We also report some evidence that the formation of highly ordered material at the 
heterojunction interface tends to destabilise an interfacial charge transfer state and is beneficial for 
efficient exciton dissociation.  
 
The results shown in Sections 4.1 to 4.4.1 have been published previously and the results in Section 
4.4.2 are currently in preparation for publication.[1,2] Some of these data were also reported in a 
MRes thesis.[3] F8BT materials were supplied by Cambridge Display Technology Ltd. 
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4.1 Motivation and Aim 
Whilst much recent research has focussed on the polymer/fullerene class of organic photovoltaics, 
the polymer/polymer alternative has received less attention due to typically lower efficiencies 
(though now over 5 %).[4] However, polymer acceptor materials have some advantages over 
fullerenes, which suggest that polymer/polymer devices have good potential for development; in 
particular, the energy levels of polymers are chemically tunable over a wide range and so can be 
optimised to maximise absorption of the solar spectrum (light harvesting), and also to give high Voc 
(typically greater than 1 V).[5] Despite this, polymer/polymer blends have failed to realise their full 
potential in solar cells, and this poor performance has been attributed largely to problems with the 
thin film morphology related to molecular conformation, packing, domain structures, and interfacial 
properties.[5–7] The aim of this work was to investigate how this morphology can be controlled in 
order to overcome these limiting factors for device efficiency. 
Blends of poly(3-hexylthiophene) (P3HT) and poly(9,9-dioctylfluorene-co-benzothiadiazole) (F8BT) 
were chosen as a model system, since both of these materials are well characterised. The chemical 
structures and energy levels of these materials are given in Figure 4.1. Both of these conjugated 
polymers are semi-crystalline and have attractive properties (good charge transport and strong 
absorption of visible light), but previous studies have found that they perform very poorly when 
blended as the active layer in photovoltaic devices, with maximum efficiencies of 0.13 %.[8–10] This 
low solar cell efficiency has been attributed to a strong interaction between the P3HT and F8BT 
molecules, which inhibits the molecular ordering of P3HT domains and leads to poor hole mobility. 
This effect can be partially overcome by thermal annealing, but this results in micrometre scale 
phase separation and so is detrimental to the efficiency of exciton dissociation.[9] 
 
 
Figure 4.1 Chemical structures of P3HT and F8BT (left) and energy level diagram (right) for 
photovoltaic device including both active layer and electrode materials (in eV).[11] 
In this work, we explore alternative methods for controlling the thin film morphology in order to 
ensure both high charge carrier mobilities and an optimised degree of phase separation. We 
consider the effects of P3HT nanowire formation in solution, thermal annealing, and control of the 
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F8BT molecular weight. A range of complementary techniques are employed for characterisation of 
the nanoscale morphology and to analyse the device performance characteristics in order to 
elucidate the morphology-performance relationships. 
4.2 Materials and Methods 
Some important properties of P3HT and F8BT are revealed by the absorption and 
photoluminescence (PL) emission spectra of thin films shown in Figure 4.2. The absorption spectrum 
of P3HT has a single, broad band in the visible range with a peak at around 520 nm and a progression 
of poorly resolved vibronic shoulders at about 550 and 600 nm.[12,13] The PL spectrum of P3HT has a 
peak at 725 nm and a shoulder around 660nm, though the latter appears truncated by reabsorption 
in the 600-650 nm range. The absorption spectrum of F8BT shows two distinct absorption bands in 
the measured range: a low energy band centred at 465 nm, and a high energy band with its peak at 
320 nm. This is typical of a donor-acceptor type copolymer and the two absorption bands have been 
described in terms of the characters of the electronic transitions: the low energy transition has 
intramolecular charge transfer character, and the high energy transition has dominantly π-π* 
character.[14] The PL spectrum of F8BT contains two contributions with peaks at around 590 and 
540 nm (though reabsorption obscures the latter).[15] The PL emission from F8BT overlaps spectrally 
with the absorption of P3HT so we expect efficient Förster energy transfer from F8BT to P3HT in the 
blend provided the two components are intimately mixed (typical Förster radius is 5-10 nm).[11] From 
an experimental point of view, this means that the strong F8BT emission is quenched in the blend 
film and so resonant Raman spectra can be measured using 457 nm excitation, which would 
otherwise be swamped. 
 
Figure 4.2 Normalised absorption and photoluminescence spectra of neat P3HT and F8BT (low MW) 
thin films (photoluminescence excited at 520 and 460 nm respectively). 
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P3HT was obtained from Sigma-Aldrich Co. (regioregularity 90.0 %, Mn = 22.3 kg/mol, PDI = 1.9). 
F8BT materials were received from Cambridge Display Technology Ltd. with Mn = 9, 62, and 198 
kg/mol. Nanowires of P3HT were prepared by making use of the tendency of P3HT to aggregate in 
solution. In order to produce highly ordered nanowires, the polymer aggregation process must be 
carefully controlled.[16–18] This was achieved by dissolving the P3HT in p-xylene (20 mg/ml) at 100 °C 
and cooling to room temperature at -20 °C/hour so that the polymer slowly precipitated out of 
solution, resulting in a suspension of nanowires. The solution was aged for 64 hours in dark 
conditions with continuous stirring before blending (1:1 weight ratio) with F8BT solutions (also in 
p-xylene at 15 to 30 mg/ml according to molecular weight). Non-nanowire samples were prepared 
using chlorobenzene as the solvent and without any thermal treatment in solution. The blend 
solutions were stirred for a further 3 hours prior to thin film deposition. Neat polymer samples 
(nwP3HT: 15 mg/ml in p-xylene, P3HT: 20 mg/ml in chlorobenzene, F8BT 12-30 mg/ml p-xylene) 
were prepared in the same way but without blending. All the thin film layers had thicknesses in the 
range 80-100 nm. Some samples were thermally annealed on a hot plate at 160 °C after deposition 
(slightly above the glass transition temperature for F8BT) for 20 minutes.[19]  
For clarity, Table 4.1 shows the nomenclature used to refer to the different P3HT:F8BT samples 
throughout this Chapter. Nanowire P3HT is referred to as ‘nwP3HT’, the prefix ‘TA’ indicates thermal 
annealing, and the suffixes ‘ ’, ‘M’, and ‘H’ refer to low, medium, and high molecular weights of 
F8BT. 
Table 4.1 Key to nomenclature applied to polymer blend film samples in this Chapter. 
Processes Applied F8BT Molecular Weight (Mn) Abbreviation 
None (pristine) Low (9 kg/mol) P3HT:F8BT L 
Medium (62 kg/mol) P3HT:F8BT M 
High (198 kg/mol) P3HT:F8BT H 
Thermal annealing of film at 160 
°C for 20 minutes 
Low (9 kg/mol) TA P3HT:F8BT L 
Medium (62 kg/mol) TA P3HT:F8BT M 
High (198 kg/mol) TA P3HT:F8BT H 
Nanowire formation in solution Low (9 kg/mol) nwP3HT:F8BT L 
Medium (62 kg/mol) nwP3HT:F8BT M 
High (198 kg/mol) nwP3HT:F8BT H 
Nanowire formation in solution 
and thermal annealing of film at 
160 °C for 20 minutes 
Low (9 kg/mol) TA nwP3HT:F8BT L 
Medium (62 kg/mol) TA nwP3HT:F8BT M 
High (198 kg/mol) TA nwP3HT:F8BT H 
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4.3 Controlling Molecular Order 
In this study we are primarily interested in the morphology of the thin film on the molecular and 
nanometre scales, which means that AFM and spectroscopic techniques are particularly appropriate. 
Raman spectroscopy is a very powerful technique for this kind of characterisation, since it allows us 
to simultaneously probe the molecular ordering in both the P3HT and F8BT components within the 
blend film. This is demonstrated by Figure 4.3 which compares the Raman spectrum for a P3HT:F8BT 
blend film with the spectra measured for neat P3HT and F8BT films. P3HT has one main Raman peak 
centred around 1450 cm-1, identified as a collective stretching mode of the backbone C=C bonds, and 
F8BT has two strong peaks at 1545 and 1608 cm-1, which are ring stretching modes of the 
benzothiadiazole (BT) and fluorene (F8) units respectively. These components are clearly 
distinguishable in the spectrum for the blend sample and variation in their spectral positions and 
intensities provides information about the molecular ordering of these polymers. 
 
Figure 4.3 Comparison of normalised Raman spectra of P3HT, F8BT, and P3HT:F8BT thin films (P3HT 
and P3HT:F8BT excited at 457 nm, F8BT excited at 633 nm). 
4.3.1 Nanowire Formation 
Regioregular P3HT has a tendency to form ordered aggregates, which, through careful control, can 
result in π-stacked nanowire structures with high aspect ratios (~ 20 nm wide and ~ 2 μm 
long).[16-18,20,21] These nanowires are clearly visible in the AFM height map of a thin film shown in 
Figure 4.4a, and Figure 4.4b compares the absorption spectra of P3HT and nwP3HT. The formation 
of nanowires  results in a shift in the peak absorption from 520 to 513 nm, which is consistent with 
the hypsochromic shift typically observed for H-type aggregates, though the increase in the strength 
of the 0-0 absorption shoulder (600 nm) relative to the 0-1 shoulder (550 nm) is indicative of J-type 
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aggregation. This is consistent with studies reporting an HJ-aggregate model for P3HT, where the 
H-like behaviour is attributed to intermolecular π-π* interactions, and the J-like behaviour arises 
from the strong intramolecular coupling for highly planar molecular conformations.[22] The nwP3HT 
absorption spectrum also shows more clearly defined vibronic structure than that of P3HT, which 
results from a reduced degree of energetic disorder in the nanowire morphology. 
 
Figure 4.4 a) AFM height image of nwP3HT thin film, and b) normalised absorption spectra for P3HT 
and nwP3HT thin films. 
For the P3HT:F8BT blend films, the absorption spectra provide some indications regarding the 
intermolecular interactions between the two materials. If there were no interaction in the ground 
electronic state, we would expect the absorption spectrum of the blend to be a simple linear 
combination of the spectra for the neat polymers (neglecting thin film optical effects). This fitting is 
illustrated by Figure 4.5, which compares the measured absorption spectra for blend films with the 
absorption calculated in this way. For both P3HT:F8BT L and nwP3HT:F8BT L thin films the 
discrepancy between the measured and calculated absorptions indicates morphological changes in 
the polymers resulting from blending. In both cases, the fitting fails to reproduce the shape of the 
double peak at 300-400 nm, and the vibronic shoulders at 500-650 nm. The former absorption band 
belongs to F8BT, and the latter shoulders relate to the P3HT so these effects are indicative of 
morphological changes affecting both polymers as a result of blending. In particular, the loss of the 
550 and 600 nm P3HT absorption shoulders demonstrate that the P3HT molecular order is disrupted 
by blending. Moreover, the loss of these shoulders is more pronounced for P3HT:F8BT L than for 
nwP3HT:F8BT L.[12] This indicates that the P3HT nanowires preserve a greater proportion of ordered 
polymer in the blend than the non-nanowire case. 
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Figure 4.5 Comparison of measured and calculated absorption spectra (normalised) for a) P3HT:F8BT 
L, and b) nwP3HT:F8BT L blend films. 
AFM of neat nwP3HT (Figure 4.4a) showed clear evidence of the nanowire morphology and so it 
might be anticipated that the nanowires would be similarly visible in the blend films, but this is not 
the case, as exemplified by the comparison of P3HT:F8BT L and nwP3HT:F8BT L samples in Figure 
4.6.  
 
Figure 4.6 AFM height images of a) P3HT:F8BT L, and b) nwP3HT:F8BT L thin films (note different 
height scale bars). 
Whilst there is no direct evidence of nanowire structures, there are clear differences in the 
morphologies of these films. The P3HT:F8BT L film has a granular surface morphology with domains 
around 80 nm in diameter and a RMS roughness of 0.6 nm. By contrast, the nwP3HT:F8BT L has 
larger features, around 300 nm across and a RMS roughness of 1.8 nm. This measurement provides 
no information regarding the nature or composition of these features but it is clear that the P3HT 
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nanowires do affect the blend film morphology on this scale. All of the blend films show comparably 
strong PL quenching so it is understood that in every case the domains contain intimate blended 
P3HT and F8BT. The absence of visibly identifiable nanowires in these images is not evidence of their 
absence since AFM is only sensitive to the surface topography and the nanowires could be buried 
within the film. In order to assess the degree of nanowire preservation throughout the whole 
thickness of the film, spectroscopic techniques are more appropriate. Figure 4.7 compares the P3HT 
C=C mode Raman peak measured for neat and blend thin films, the position of which is related to 
the degree of molecular order.[23] In the spectra for the blend films there are small contributions at 
1423 and 1488 cm-1 (see Figure 4.3) from the F8BT, but these may be subtracted using peak fitting 
(Voigt line shape) and are found not to influence the position of the main P3HT peak. The position of 
this peak varies from 1445 to 1461 cm-1 for these samples, where lower energies correspond with 
more ordered P3HT. Specifically, the energy of this vibrational mode is most strongly related to the 
intramolecular ordering, but this is intimately connected with the intermolecular packing and so is 
found to be a good measure of overall molecular order.[23,24] By this measure, the nwP3HT has the 
highest degree of molecular order, closely followed by P3HT. The blend films show overall lower 
molecular order demonstrating the disruption caused by blending with F8BT, but the peak position 
for nwP3HT:F8BT L is at much lower energy (1454 cm-1) than for P3HT:F8BT L (1461 cm-1), which is 
further evidence that P3HT nanowires have increased resilience against molecular disruption by 
blending with F8BT. 
 
Figure 4.7 Comparison of main P3HT C=C Raman peak for P3HT, nwP3HT, P3HT:F8BT L, and 
nwP3HT:F8BT L thin films (457 nm excitation). 
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4.3.2 Thermal Annealing 
In addition to the formation of P3HT nanowire aggregates, thermal annealing was also used to 
manipulate the morphology of the blend film. AFM was used to reveal the effects of this process on 
the domain structure and surface roughness of the blend films, as shown in Figure 4.8.  
 
Figure 4.8 AFM height images of a) TA P3HT:F8BT L, and b) TA nwP3HT:F8BT L thin films (note 
different height scale bars). 
The AFM height map for TA P3HT:F8BT L (Figure 4.8a) looks similar to that of P3HT:F8BT L (Figure 
4.6a), indicating that this treatment has minimal effect on the domain sizes, though does lead to a 
slight increase in RMS surface roughness from 0.6 to 0.9 nm. A more pronounced effect is seen for 
TA nwP3HT:F8BT L, which shows evidence of the same large domain structure (200-300 nm 
diameter features) as nwP3HT:F8BT L (Figure 4.6b), except that there are now smaller sub-domains 
(80-100 nm diameter) visible and the RMS roughness is reduced from 1.8 to 1.0 nm. This decrease in 
surface roughness is not observed for blends containing higher molecular weight F8BT, and so we 
speculate that it represents the formation of a surface-levelling layer of F8BT promoted by the high 
chain mobility of low molecular weight polymer (see section 4.3.3 for further discussion of the 
morphological impact of F8BT molecular weight). 
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Figure 4.9 Comparison of normalised absorption spectra for P3HT:F8BT L thin films showing effects 
of thermal annealing and nanowire formation. 
Figure 4.9 compares the absorption spectra for P3HT:F8BT L films showing the effects of thermal 
annealing on the molecular ordering. The low energy vibronic shoulders (550 and 600 nm) show the 
clearest trend and are strongest for TA nwP3HT:F8BT L, representing the combination of nanowire 
formation and thermal annealing, which indicates that this sample contains the most ordered P3HT. 
The least ordered P3HT (weakest vibronic shoulders) is found in in P3HT:F8BT L with TA P3HT:F8BT L 
and nwP3HT:F8BT L having quite similar spectra. This suggests that both thermal annealing and 
nanowire formation tend to improve the molecular order of P3HT in the blend film, but that the 
strongest effect is achieved by combining both processes. This trend is confirmed using Raman 
spectroscopy in Figure 4.10 where the peak position of the P3HT C=C Raman peak shifts from 
1461 cm-1 for P3HT:F8BT L to 1451 cm-1 for TA nwP3HT:F8BT L. 
 
Figure 4.10 Comparison of main P3HT C=C Raman peak for P3HT:F8BT L thin films showing effects of 
thermal annealing and nanowire formation (457 nm excitation). 
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In addition to this analysis of the P3HT molecular order, Raman spectroscopy can also probe the 
molecular conformation and packing of F8BT by considering the relative intensities of its two main 
Raman peaks. This is exemplified by Figure 4.11 showing the impact of thermal annealing on the 
P3HT:F8BT L blend. 
 
Figure 4.11 Comparison of main F8BT Raman peaks for P3HT:F8BT L and TA P3HT:F8BT L thin films 
(457 nm excitation). 
The Raman spectrum of F8BT is dominated by the BT and F8 unit ring stretching modes at 1545 and 
1608 cm-1 respectively. The relative intensities of these peaks (I1545/I1608) are associated with the 
inter-ring dihedral torsion angle arising from changes in the electron-phonon coupling strengths of 
these two modes, such that this value can be used as a comparative value for F8BT backbone 
planarity.[19,25] In Figure 4.11 the value of this ratio decreases from 1.71 for P3HT:F8BT L to 1.60 for 
TA P3HT:F8BT L, indicating that thermal annealing of this blend film results in a reduction in the 
planarity of the F8BT conjugated backbone. We note that this is the reverse of the trend observed 
for neat F8BT, where thermal annealing leads to an increase in planarity and so we attribute this 
difference to the presence of P3HT in the blend film.[19] The nature of this interaction between P3HT 
and F8BT molecules during thermal annealing is not clear, but we may speculate that the increase in 
molecular order of the P3HT causes increased torsion in neighbouring F8BT molecules. 
The degree of F8BT molecular planarity has also been associated with differences in the molecular 
packing structure of the F8BT. Specifically, the planar F8BT conformation is associated with an 
‘alternating’ packing structure where the F8 units of one chain align with the  T units of the 
neighbouring chain. This is the energetically favourable packing structure but is detrimental to 
electron hopping transport between chains. In contrast, the twisted F8BT conformation is assigned 
to a ‘cofacial’ packing structure where F8 and  T units are aligned cofacially with F8 and BT units 
respectively on neighbouring molecules.[19,25,26] This ‘cofacial’ packing is beneficial for electron 
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transport and so charge mobility measurements can also be related to the degree of F8BT backbone 
torsion (see section 4.4.1). 
4.3.3 Molecular Weight 
The discussion of the morphological effects of P3HT nanowire formation and thermal annealing have 
so far focussed on the low molecular weight F8BT but the same analyses were applied for the three 
different F8BT samples and the results are summarised by Figure 4.12, which plot the main P3HT 
C=C Raman peak position and I1545/I1608 intensity ratio against F8BT molecular weight for each sample 
showing the combined effects of all three variables (nanowire formation, thermal annealing, and 
F8BT molecular weight) in terms of P3HT and F8BT molecular planarities.  
 
Figure 4.12 Plots showing a) peak position of main P3HT C=C Raman peak, and b) I1545/I1608 F8BT 
peak intensity ratio, for all of the different P3HT:F8BT blend films compared in this study. All spectra 
measured with 457 nm excitation, and C=C peak positions for P3HT and nwP3HT films included for 
comparison. 
The impacts of nanowire formation and thermal annealing have been discussed above (4.3.1 and 
4.3.2) and the trends are the same regardless of the F8BT molecular weight, though the relative 
strengths of these effects do vary. The P3HT C=C peak position (Figure 4.12a) shows minimal 
dependence on F8BT molecular weight for the P3HT:F8BT, nwP3HT:F8BT, and TA nwP3HT:F8BT 
blends, but the TA P3HT:F8BT blends show a clear molecular weight dependence with the F8BT L 
resulting in the highest degree of P3HT backbone planarity. This effect can be understood by 
comparing the difference in peak position between P3HT:F8BT and TA P3HT:F8BT, which is largest 
for F8BT L (~ 9 cm-1), smaller for F8BT M (~ 2 cm-1), and smallest for F8BT H (~ 1 cm-1), indicating that 
the effectiveness of thermal annealing in increasing the molecular planarity of P3HT is determined 
by this molecular weight. The low molecular weight F8BT permits the greatest degree of chain 
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mobility for rearrangement during annealing, whereas higher molecular weights tend to prevent this 
effect and so maintain a lower level of P3HT molecular order in the blend. For nwP3HT:F8BT blends 
thermal annealing has a smaller effect on the P3HT molecular order (though perhaps a slightly 
stronger effect for the blends containing F8BT L). This is because the P3HT nanowires are already in a 
more ordered morphology prior to thermal annealing and so there is less scope for an increase in 
molecular order. 
Comparison of the peak intensity ratio I1545/I1608 for the different blend films (Figure 4.12b) reveals 
how the F8BT molecular order is related to the molecular weight. Here we see that for F8BT H the 
value of I1545/I1608 has no dependence on processing conditions, whereas F8BT L and F8BT M give a 
wider range of values. In the latter two cases, both thermal annealing and P3HT nanowires result in 
decreased F8BT molecular planarity, with the greatest differences observed for the lowest molecular 
weight. The effects of F8BT molecular weight on the reordering effects of both P3HT and F8BT 
components in the blend film provide both sides of the picture and so offer insight into the 
interactions between these two materials. Increasing the molecular weight of the F8BT hinders 
molecular rearrangement in the blend film (hence thermal annealing has minimal effect on either 
the F8BT of P3HT molecular planarity). Conversely, the use of low molecular weight F8BT results in 
both the F8BT and P3HT molecules being susceptible to molecular rearrangement during thermal 
annealing. Regardless of molecular weight, more ordered P3HT may be introduced into the blend by 
the formation of nanowires in solution prior to blending. There is also evidence of the nanowire 
P3HT morphology disrupting the planarity of F8BT L, which implies that the low molecular weight 
F8BT interacts most strongly with the P3HT in solution. 
4.4 Device Performance 
The results so far have sought to characterise the morphologies of the blend films and to understand 
how these may be manipulated using the three variables studied (P3HT nanowire formation, 
thermal annealing, and F8BT molecular weight). The effectiveness of these processing techniques 
has been demonstrated, but now we consider how these different active layer morphologies relate 
to solar cell performance characteristics. Figure 4.13 compares the current-voltage curves for 
P3HT:F8BT H devices under simulated solar illumination, showing a dramatic improvement in 
efficiency resulting from the processing conditions. The performance of P3HT:F8BT H is very poor, 
with PCE of 0.01 %, which is increased to 0.03 % by thermal annealing. A much more significant 
enhancement arises from the use of P3HT nanowires, yielding 0.15 % efficiency, which further 
increases to 0.53 % with annealing. In order to understand this improvement it is helpful to compare 
the various performance parameters, which are given in Table 4.2 for the full set of samples. 
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Figure 4.13 Current-voltage characteristics of P3HT:F8BT H devices under 1 Sun illumination showing 
impact of different processing conditions on performance. 
Table 4.2 Photovoltaic device performance characteristics for all of the different P3HT:F8BT blend 
films compared in this study. 
 P3HT:F8BT TA P3HT:F8BT nwP3HT:F8BT TA nwP3HT:F8BT 
MW of F8BT L M H L M H L M H L M H 
Voc (V) ± 0.02 1.24 1.46 1.46 1.25 1.39 1.30 1.13 1.32 1.30 1.17 1.38 1.40 
Jsc (mA/cm
2
) ± 0.02 0.02 0.04 0.03 0.12 0.10 0.12 0.12 0.26 0.38 0.71 0.69 0.91 
FF ± 0.01 0.26 0.23 0.25 0.35 0.22 0.21 0.26 0.25 0.29 0.47 0.33 0.41 
PCE (%) ± 0.01 0.01 0.01 0.01 0.05 0.03 0.03 0.04 0.08 0.15 0.40 0.32 0.53 
 
The Voc values for these devices are all relatively high, as a result of the energy levels of the materials 
(Figure 4.1), but show a wide range of values from 1.13 to 1.46 V, which we attribute to 
morphological differences. Some of this variation may be related to charge recombination, which 
can reduce Voc, but the systematically low values for F8BT L devices could also suggest that the low 
molecular weight polymer has a particular tendency to form shunt connections across the 
device.[27-29] Fill factors are a measure of how efficiently charges are extracted from the device, and 
these are all quite low (< 50 %), but show a general increase for the thermally annealed devices. Jsc 
values for these devices cover a wide range from 0.02 to 0.91 mA/cm2, and these differences are 
clearly the dominant factor in the performances of these devices since the trends in PCE closely 
match those of Jsc. These trends clearly demonstrate that the morphological factors investigated 
here have a critical impact on the device efficiency, primarily through their effect on the 
photocurrent generated. In all cases the active layer materials and device structures are the same 
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and the absorption spectra are similar, so these differences must relate to the efficiencies of exciton 
dissociation or charge recombination. A more detailed analysis of device characteristics is required 
in order to elucidate these effects. 
4.4.1 Charge Transport and Recombination 
Electron and hole mobilities were measured in the diode architecture based on the current-voltage 
characteristics of single carrier devices. Examples of these are shown in Figure 4.14 for hole- and 
electron-only devices, plotted on double logarithmic axes to reveal the order of the relationship. For 
hole-only devices, the devices containing P3HT nanowires can be fitted by straight lines with 
gradients in the range 1.5-2.0, whereas the non-nanowire device characteristics have two regimes 
with slope 2.0-2.7 at low voltage and 3.2-5.6 at high voltage, with the transition around 1.3 V. The 
high voltage regime is suggestive of trap filling, but the low voltage regime is roughly quadratic so 
can be fitted using the Mott-Gurney space charge limited transport expression to give a charge 
mobility value.[30] All the electron-only devices have approximately linear relationships with 
gradients 1.2-1.7, which is a little lower than observed for neat polymers and so indicates that there 
is no strong trapping in these blend films.[31] For the comparative purposes of this study, we consider 
that the Mott-Gurney relation is adequate, despite the factors discussed above. The calculated 
mobility values for the various different samples are compared in Figure 4.14. 
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Figure 4.14 Current-voltage characteristics for a) hole-only, and b) electron-only P3HT:F8BT M 
devices with different processing conditions. c) Hole mobilities, and d) electron mobilities plotted 
against F8BT molecular weight for all of the P3HT:F8BT blend films compared in this study. 
In these blend films hole transport is confined to the P3HT and electrons are transported by the 
F8BT so we expect the charge carrier mobilities to relate specifically to the morphologies of the 
charge transport pathways through their respective materials. The measured hole mobilities (Figure 
4.14b) vary over three orders of magnitude from 10-8 cm2/Vs for P3HT:F8BT to 10-5 cm2/Vs. For each 
molecular weight, both thermal annealing and nanowire formation result in increased hole mobility. 
This is consistent with the increases in P3HT planarity elucidated with Raman spectroscopy (Figure 
4.12), which are related to enhanced π-π stacking and a consequent increase in the charge carrier 
hopping rate.[32] The increase in hole mobility resulting from nanowire formation is consistently 
greater than that of thermal annealing, which suggests that the larger domain sizes (see Figure 4.6) 
in nwP3HT:F8BT films may be beneficial for charge transport through the active layer in addition to 
the improved molecular order within these domains. We speculate that the extended geometry of 
the nanowires surviving within the domains may contribute to the high measured hole mobilities. 
Measured electron mobilities lie in the range 10-8-10-6 cm2/Vs, with P3HT:F8BT films giving the 
lowest values with a slight increase for nwP3HT:F8BT. After thermal annealing, the mobilities 
increase by 1-2 orders of magnitude with the greatest increase for blends containing F8BT L. These 
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trends correspond well with the analysis of F8BT backbone planarity and packing in sections 4.3.2 
and 4.3.3.  
In order to understand how these enhancements in charge carrier mobility relate to the increases in 
photocurrent, we consider the relationship between photocurrent and light intensity, which can 
distinguish the relative importance of different loss mechanisms. Figure 4.15 shows the net 
photocurrent (difference between current densities under light and dark conditions) plotted against 
the incident light intensity at three different effective biases: 0.3, 1.0, and 3.0 V. Here we consider 
the P3HT:F8BT H devices since they correspond with the results in Figure 4.13. The effective reverse 
bias is equal to the difference between the compensation voltage, V0, and the applied bias, V (V0 is 
the applied bias at which the net photocurrent is zero). The slope of these relationships when 
plotted on double logarithmic axes indicates the order of the relationship between photocurrent 
and light intensity. 
 
Figure 4.15 Light intensity dependence of photocurrent for P3HT:F8BT H devices at effective reverse 
biases of a) 0.3 V, b) 1.0 V, and c) 3.0 V, including fitting lines and their gradients. 
Devices containing the P3HT nanowires consistently show first order photocurrent-intensity 
relationships (except for the 0.3 V applied bias where the measurement was noisy) with gradients 
close to 1 (0.96-0.99). In contrast, the non-nanowire devices (P3HT:F8BT and TA P3HT:F8BT) have 
slopes in the range 0.82-0.95, which is a clear indication of bimolecular recombination 
dynamics.[33,34] It is not necessarily the case that a first order relationship between photocurrent and 
light intensity indicates that a device is limited by monomolecular recombination, but it is clear that 
the nanowire morphology changes the recombination dynamics in these devices.[35] The low charge 
carrier mobilities in the non-nanowire devices might also result in the photocurrent being space 
charge limited, which would also be consistent with these results.[34] In either case the enhancement 
in device efficiency resulting from these morphological changes is attributed primarily to the 
improvement in charge carrier transport. 
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4.4.2 Charge Generation and Interfacial Energetics 
The results above relate the enhancements in device efficiency to the increased hole and electron 
mobilities and reduced bimolecular recombination, but they do not discount the possibility that the 
charge generation process is also affected by the blend film morphology. The mechanism of charge 
generation in organic solar cells remains a subject of debate (see discussion in Section 2.2.2), but 
some simple measurements can offer a limited insight. One such measurement is the external 
quantum efficiency (EQE) spectrum, which is shown in Figure 4.16 for the set of different 
P3HT:F8BT H devices. 
 
Figure 4.16 a) EQE spectra measured for P3HT:F8BT H devices for different processing conditions, 
b) EQE normalised to the 330 nm peak. 
EQE corresponds to the probability of an incident photon contributing to the photocurrent extracted 
from the device and so measured spectra are determined by a combination of many factors, which 
are not easily separated. The overall increases in EQE across the whole spectrum shown in Figure 
4.16a correspond with the enhancements in photocurrent and device efficiency resulting from 
nanowire formation and thermal annealing (cf. Table 4.1). In addition to this overall increase, the 
shapes of the EQE spectra also show significant variation, which is more clearly shown in Figure 
4.16b where the spectra are normalised to the peak at 330 nm. This comparison reveals which parts 
of the spectrum are enhanced for the different samples. The devices containing nanowire P3HT both 
show a strong relative enhancement over the 400-650 nm range compared with the non-nanowire 
counterparts, which is therefore attributed to the presence of the nanowires. Similarly, the 
thermally annealed devices have a relative enhancement over the 400-520 nm range compared to 
the non-annealed equivalents. The different spectral regions of the EQE spectrum can be assigned to 
the absorption bands of the P3HT and F8BT which have peaks at 520, 465, and 330 nm (see Figure 
4.2). Therefore, the observed enhancements of particular parts of the spectrum indicate differences 
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in the photocurrent contributions from each excitonic species. Specifically, thermal annealing 
increases the relative photocurrent contribution from the lower energy F8BT exciton (465 nm), 
whereas nanowire formation enhances the contribution from P3HT excitons.  
We note that there is debate over the measurement and interpretation of quantum efficiencies 
particularly relating to high efficiency polymer/ fullerene blends where sensitive measurements are 
required to distinguish changes in the shapes of EQE and absorption spectra from optical cavity 
effects.[36–40] In the present case, the absorption spectra of the blends are expected to be 
comparable since the material composition and device structure are the same, whereas the EQE 
spectra show dramatic differences in shape. This suggests that this polymer/polymer system is 
qualitatively different from the polymer/fullerene case.  
The selective enhancement of photocurrent generation from P3HT excitons in the nanowire-
containing devices may be partly understood from the increase in absorption strength observed in 
the 600-650 nm region (see Figure 4.5), which is assigned to the highly ordered phase of P3HT, 
however the particular prominence of this contribution to the EQE suggests that excitons formed in 
the nanowires generate charges relatively efficiently. Similarly, the increase in EQE around the 465 
nm F8BT absorption peak (relative to the 330 nm peak) resulting from thermal annealing means that 
the photocurrent generation from the lower energy excitons (charge transfer character) is enhanced 
compared with the higher energy (π-π* character) excitons. These results suggest some degree of 
selective photocurrent generation from particular excited states resulting from changes in the thin 
film morphology, but it is not possible to identify the mechanism of this selectivity. It could be 
attributed to local variation in the absorption spectra, exciton diffusion lengths, exciton dissociation 
probabilities, or charge recombination rate.  
In order to investigate differences in the local morphology at the heterojunction interface, we 
compare the photoluminescence (PL) and electroluminescence (EL) spectra for these films. Both 
techniques probe only emissive sites but PL emission is stimulated throughout the whole bulk of the 
sample whereas EL emission is localised to the interfacial region where electrons and holes, injected 
into the F8BT and P3HT respectively, recombine. By comparing these spectra, we can identify 
morphological differences between the interfacial regions and the bulk of the film.[41] These spectra 
are shown in Figure 4.17. 
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Figure 4.17 Normalised photoluminescence spectra of a) neat P3HT, nwP3HT, and F8BT H, and 
c) P3HT:F8BT H blend films with different morphologies (520 nm excitation for P3HT and nwP3HT, 
460 nm excitation for all others). b) Normalised electroluminescence spectra of P3HT:F8BT H blend 
film devices, shaded region shows morphological quenching of long wavelength emission, and d) raw 
electroluminescence spectra for the same devices including applied voltages. 
The PL spectra for neat F8BT H and P3HT (Figure 4.17a) are clearly distinguishable with peaks at 575 
and 720 nm respectively and a small overlap in the 600-700 nm region. The PL spectrum of nwP3HT 
is slightly blue-shifted relative to P3HT and has a slightly lower high energy (0-0) emission shoulder, 
which is consistent with the earlier evidence for H-aggregate character, though the emission edge is 
masked by reabsorption.[42] Comparison of the neat polymer emission with the PL spectra of the 
blend films (Figure 4.17c) reveals that the observed emission is that of the P3HT due to efficient 
Förster energy transfer.[11] The P3HT emission has two peaks around 625 and 680 nm, but the high 
energy peak has a much stronger relative intensity than for neat P3HT, due to disruption of the P3HT 
molecular order, resulting in stronger emission from the disorder-allowed 0-0 transition.[13] All of the 
blend film PL spectra are similar, suggesting that the overall distribution of emissive states in each 
case is similar.  
In contrast to the PL spectra, the EL spectra for the blend films show clear differences from the 
different morphologies. Again, these spectra show no strong contribution from F8BT, as expected 
based on the polymer energy levels (Figure 4.1) since the electron transfer energy barrier (0.5 eV) is 
lower than the hole transfer barrier (1.0 eV) and P3HT has a smaller energy gap.[11] The clearest 
difference between the EL spectra for different blend films is the emission around 765 nm (shaded 
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area in Figure 4.17b), which is observed for P3HT:F8BT H and TA P3HT:F8BT H, but not for 
nwP3HT:F8BT H or TA nwP3HT:F8BT H. We identify this as emission from a charge transfer (exciplex) 
state localised across the polymer heterojunction, which appears to be quenched by the 
introduction of P3HT nanowires. We note that this effect appears accentuated by the normalisation 
of the spectra (see Figure 4.17d for raw spectra), and so there remains some uncertainty about the 
significance of this observation, compounded by the differences in applied bias required for 
measurable emission. The spectral position and relative intensity of the high energy (610-645 nm) 
emission peak also show significant variation. The emission onset is at its highest energy for 
P3HT:F8BT H, and is significantly red-shifted for thermally annealed and for nanowire P3HT blends, 
which is indicative of increased molecular order for emissive P3HT chromophores near the 
heterojunction interface. The relative intensity of this peak is particularly low for TA P3HT:F8BT H, 
but this effect is difficult to assign unambiguously because singlet excitons are understood to form 
through two mechanisms: thermal excitation of the interfacial charge transfer state, and direct 
injection of charges across the interface (at high voltages).[41] The key observations here are the 
absence of the charge transfer state emission and the red-shift in the emission onset observed for 
the nanowire-containing blends. In order to understand these observations, we propose a model of 
the interfacial energetics, shown in Figure 4.18. Conformational disorder in P3HT has been linked 
with a deepening of the HOMO level and increased energetic disorder, described by a broadening of 
the energetic density of states (DOS).[43]  
 
Figure 4.18 Proposed model comparing interfacial energetics for P3HT:F8BT (left), and nwP3HT:F8BT 
(right) blend films. Nanowire P3HT has a shallower HOMO level and a narrower density of states 
distribution, which destabilises the interfacial charge transfer state. 
In the proposed model, the nwP3HT has a shallower HOMO with a narrower density of states 
distribution. The disordered P3HT at the interface in the P3HT:F8BT blend impairs hole mobility and 
leads to trapping of charges at the interface and so encourages formation of the interfacial charge 
transfer state.[41] In the nwP3HT:F8BT case, the reduced energetic disorder increases hole mobility 
and reduces interfacial trapping so the locally ordered morphology acts to destabilise the interfacial 
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charge transfer state.[44] This model is consistent with the above results, showing a large increase in 
hole mobility for nwP3HT:F8BT blend films, which correlates with enhanced photocurrent 
generation (Sections 4.4 and 4.4.1). 
The results presented here and the proposed model remain somewhat preliminary as a result of the 
potential ambiguity in the interpretation of the electroluminescence spectra and since these 
measurements do not probe the charge generation process directly. However, we have 
demonstrated a clear correlation between interfacial order and photocurrent generation. This link 
could be understood in terms of charge carrier mobility, exciton delocalisation, or exciton diffusion 
length and so ongoing investigation is required in order to distinguish these closely connected 
factors and to test the proposed model. 
4.5 Conclusions 
The performance of polymer/polymer solar cells is critically dependent on the morphology of the 
blend film. In order for this class of photovoltaic devices to reach its full potential, it is vital to 
develop techniques for controlling the molecular order. In this Chapter we have demonstrated the 
use of P3HT nanowire formation, thermal annealing, and F8BT molecular weight control in order to 
manipulate the morphology. We have shown that incorporation of highly ordered nanowires can be 
used to increase the hole mobility by three orders of magnitude, and that thermal annealing leads to 
a further modification to the F8BT molecular packing, which increases the electron mobility by an 
order of magnitude. The effectiveness of thermal annealing is maximised by using a low molecular 
weight of F8BT so that the increased chain mobility facilitates molecular rearrangement. These 
techniques result in an increase in photocurrent generation, which we attribute largely to reduced 
bimolecular recombination. 
We have considered the possible impact of the different film morphologies on the charge 
photogeneration process and found some evidence for selective photocurrent enhancement from 
particular excitonic species. By investigating the interfacial morphology and energetics, we suggest 
that the presence of highly ordered P3HT acts to destabilise an interfacial charge transfer state, 
which correlates with the measured enhancement in photocurrent generation. In order to establish 
a causal link and to test the validity of the proposed model further study will be required. 
This work also demonstrates the use of resonant Raman spectroscopy to simultaneously probe the 
molecular planarity of two different polymers within a blended sample. This enables us to 
investigate the interactions between these different materials and changes in their respective 
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morphologies. We expect this technique to have widespread applications throughout the field of 
plastic electronics where the morphology of blended films requires detailed characterisation.   
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Chapter 5   
Interactions at Polymer/Inorganic Interfaces  
We study the formation of polymer/inorganic interfaces in hybrid photovoltaic devices prepared by 
pulsed laser deposition of zinc oxide on top of a polymer layer and by in situ formation of cadmium 
sulphide nanoparticles within a polymer matrix using a thermally decomposable soluble precursor. 
Resonant Raman spectroscopy is used to probe the morphology of the interfacial polymer and 
reveals the development of a disordered polymer layer at the interface in both cases. Device 
characteristics, optical modelling, and atomic force microscopy are used to relate the device 
performance to the thin film morphology. For the polymer/cadmium sulphide blend film formation 
we consider the use of polymer nanowires and control of the thermal decomposition process, but are 
unable to prevent the formation of the disordered interface. We conclude that alternative routes for 
polymer/inorganic interface formation are required to optimise the morphology further. 
 
The work in Section 5.2 was carried out and published in collaboration with Martyn A. McLachlan 
and co-workers, Materials Department, Imperial College London.[1] Pulsed laser deposition was 
performed by J. B. Franklin and optical modelling by P. N. Stavrinou. The work in Section 5.3 was 
carried out and published in collaboration with Saif A. Haque and co-workers, Chemistry 
Department, Imperial College London.[2] Hybrid sample preparation and device efficiency 
measurements were carried out by O. Garnett and N. Tokmoldin. 
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5.1 Motivation and Aim 
Hybrid (organic/inorganic) photovoltaics have attracted interest by seeking to combine the 
attractive properties of both organic and inorganic semiconductors as a route towards high-
performance, low-cost solar cells. Inorganic semiconductors offer efficient photocurrent generation, 
good charge transport, tunable absorption, and operational stability, whereas organic 
semiconductors have the unique advantage of being easily solution processable. The broad goal is to 
find processing routes by which organic and inorganic semiconducting materials can be deposited 
together to produce efficient solar cells.[3] 
The definition of hybrid solar cells is so broad that it can encompass a wide range of technologies, 
making comparison difficult, but the highest published efficiency for a solution processed 
polymer/inorganic device (the class of interest in this study) is 4.1 %.[4] Many reports find the 
performance of hybrid solar cells somewhat disappointing given the attractive properties of their 
constituent materials, and this has been largely attributed to morphological problems, particularly 
associated with the interface between the polymer and inorganic materials.[3,5,6] In this Chapter we 
investigate the interaction between these two components by studying changes in the morphology 
of the polymer at the interface arising during interface formation. Section 5.2 explores the planar 
interface between P3HT and ZnO formed by pulsed laser deposition (PLD), and Section 5.3 considers 
the nanostructured P3HT/CdS interface in thin films formed by in situ thermal decomposition of a 
soluble precursor. In both cases we relate the interfacial polymer morphology to the photovoltaic 
device properties in order to understand the factors limiting solar cell performance and suggest how 
they may be overcome. 
5.2 P3HT/ZnO Bilayer Interface 
Zinc oxide is a particularly attractive material for hybrid photovoltaic applications due to its low cost, 
high conductivity, optical transparency and the relative ease with which it can be deposited at low 
temperatures with various techniques.[7–10] Much of this work uses P3HT (which is known to produce 
efficient organic solar cells)[11] as the organic light absorber and hole transporter, but the 
performance of P3HT:ZnO devices continually falls short of the anticipated efficiency. This poor 
performance has been attributed to near-interfacial phenomena such as band alignment, interfacial 
dipoles, and disordering of the P3HT at the ZnO interface resulting in high levels of early-stage 
charge recombination.[12–15] The mechanism by which this interfacial layer of disordered P3HT forms 
is not clear: some have argued that it is intrinsic to the P3HT/ZnO interface,[14] while others have 
concluded that it results from the process of deposition when the interface is formed.[12,16,17] In 
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either case, it is agreed that the near-interfacial region is critical for efficient photovoltaic devices.[12–
18] This study considers the polymer morphology at a P3HT/ZnO interface formed by deposition of 
ZnO directly onto a P3HT film using PLD.  
5.2.1 Pulsed Laser Deposition 
The use of PLD for depositing thin films of highly crystalline ZnO onto a functional organic polymer 
layer was demonstrated by our collaborators.[7] It was shown that no macroscopic degradation of 
the polymer occurred and that a high quality planar interface was formed.[19] This process permits 
the preparation of P3HT/ZnO bilayers in the conventional architecture (see Figure 5.2) which is 
desirable since the unstable metal/organic interface is eliminated and the stable ZnO acts as an 
encapsulant. It also eliminates issues arising from the deposition of P3HT on top of ZnO, which are 
encountered elsewhere.[12,16,17] 
A diagram illustrating the PLD process is given in Figure 5.1. A ZnO target (ZnO powder, Sigma-
Aldrich 99.999 %) is fixed on a rotating mount facing the sample, which is mounted on a resistive 
heater. The chamber is evacuated to 5 × 10-5 Torr and then oxygen is pumped in to a background 
pressure of 50 mTorr. A pulsed 248 nm KrF laser beam passes through a quartz window and ablates 
the ZnO target producing a plume of material, which interacts with the oxygen before condensing on 
top of the polymer film. The oxygen preserves the correct stoichiometry of the ZnO and also reduces 
damage to the organic layer during deposition. Samples are heated to 150 °C for 3 minutes prior to 
deposition and held at that temperature throughout the process. Further discussion of these 
conditions is provided elsewhere.[7,19] 
 
Figure 5.1 Schematic diagram of pulsed laser deposition process for depositing ZnO. 
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5.2.2 Probing the Interface 
Raman spectroscopy is a powerful tool for characterising the morphology of an organic polymer film 
(see Section 2.4), and is particularly suitable in this situation where we wish to probe a polymer layer 
buried within a complete device architecture. Here we use 457 nm laser excitation (20 μW beam 
power, 50 s exposure) since this wavelength lies within the part of the P3HT absorption spectrum 
associated with disordered polymer and so resonantly enhances this contribution to the measured 
Raman spectrum.[20] In this way we maximise the sensitivity of this measurement to the disordered 
phase of P3HT which is hypothesised to exist at the interface.  
The axial resolution of the  aman spectrometer is about 1 μm and the active layer is typically 
100 nm thick, so the measured spectrum is (to a good approximation) averaged over the full 
thickness of the film. In order to distinguish the interfacial P3HT from that of the bulk (i.e. the part of 
the film away from the interfaces) we varied the P3HT layer thickness from 5 to 210 nm. The 
expectation is that the Raman spectrum of the thickest film will be dominated by the contribution 
from the bulk P3HT, but as the thickness reduces the proportion of the spectrum originating in the 
interfacial region will increase. In this way the variation in the Raman spectrum as a function of P3HT 
thickness will indicate the morphological difference between the bulk and interfacial material. 
Devices in this investigation were prepared according to the structure shown in Figure 5.2, using the 
general methods described in Section 3.1. P3HT was obtained from Merck (Mw 34.1 kg/mol, 
Polydispersity 1.7, regioregularity 94.7%) and different film thicknesses (5 to 210 nm) were obtained 
by varying the solution concentration from 5 to 30 mg/ml in chlorobenzene. 
 
Figure 5.2 Schematic diagram of bilayer device architecture with variable P3HT thickness. 
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We note that the P3HT layer in these bilayer devices has two different interfaces, which cannot be 
distinguished from one another by varying the thickness: a ‘bottom’ PEDOT:PSS/P3HT interface, and 
a ‘top’ P3HT/ZnO interface. In order to separate the contributions to the  aman spectrum from 
these two interfacial P3HT regions, we prepared a set of incomplete samples with the same bottom 
interface but a different top interface (P3HT/air) as a control. The PLD process is accompanied by 
heating of the sample to 150 °C and so we must also account for morphological changes resulting 
from this thermal treatment in addition to the effects of the ZnO deposition itself. In order to 
account for these effects a total of four sets of devices are required, referred to henceforth with the 
following nomenclature: 
(i) “Pristine”  glass/ITO/PEDOT:PSS/P3HT, no further treatment 
(ii) “0 nm ZnO” glass/ITO/PEDOT:PSS/P3HT, subjected to PLD conditions but with no  
deposition of ZnO 
(iii) “60 nm ZnO” glass/ITO/PEDOT:PSS/P3HT/ZnO, subjected to PLD conditions  
including deposition of 60 nm ZnO 
(iv) “Annealed” glass/ITO/PEDOT:PSS/P3HT, thermally annealed at 150 °C for 10  
minutes in nitrogen. 
Comparison of the “0 nm ZnO” and “Annealed” samples confirms whether the thermal conditions 
during PLD are equivalent to thermal annealing at 150 °C for 10 minutes; if so, these two sets will 
have identical  aman spectra. Comparing the “Pristine” and “0 nm ZnO” samples confirms the 
impact of these thermal conditions on the interfacial and bulk film morphologies. Comparing the 
“60 nm ZnO” and “0 nm ZnO” samples reveals the morphological impact of the ZnO deposition itself 
on the polymer at the P3HT/ZnO interface. 
5.2.3 Interfacial Molecular Order 
The sensitivity of the P3HT Raman spectrum to molecular order has been discussed in Section 2.4.4, 
in which it was shown that the main C=C backbone stretching mode (centred around 1450 cm-1) 
contains contributions from the ordered phase at low energy, and the disordered phase at higher 
energy. Experimentally measured peak shapes for the “60 nm ZnO” samples are shown in Figure 
5.3a. In this case there is a clear broadening of this peak towards higher vibrational mode energies 
with reducing P3HT layer thickness (i.e. an increased relative contribution in the 1460-1490 cm-1 
region). This is a clear indicator that there exists an interfacial region of P3HT which is more 
disordered than the bulk material. In order to identify whether this is located at the top or bottom 
interface and what causes it, we must compare this trend with those observed for the other sample 
sets. This comparison is made in Figure 5.3b, which plots the FWHM of this C=C P3HT Raman peak 
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against P3HT thickness for all four sample sets. Since the broadening of this peak only affects the 
high energy side of the Raman peak, an increase in FWHM can be taken as a good measure of the 
proportion of disordered P3HT. Data are shown for P3HT thicknesses up to 105 nm as we observe no 
further variation for thicker films. 
 
Figure 5.3 a) Main C=C  aman peak of P3HT for different thicknesses of “60 nm ZnO” sample 
(457 nm excitation, normalised), b) FWHM of P3HT C=C peak plotted against P3HT thickness for the 
different sample conditions. 
The “Pristine” films show little variation in the C=C peak FWHM with P3HT thicknesses > 30 nm, but 
the width increases from 33.2 to 36.0 cm-1 as the thickness decreases from 30 to 5 nm. This trend 
indicates that the bulk P3HT in these films has a higher degree of molecular order than the 
interfacial material. However, this result alone cannot distinguish at which interface this disordered 
polymer is located. 
The data points for the “0 nm ZnO” and “Annealed” samples are in close agreement, verifying the 
expectation that these two processes are equivalent. Comparing the trends for the “0 nm ZnO” and 
“Pristine” samples we observe a clear overall reduction in the peak width (ΔFWHM ≈ 2.0 cm-1) for 
film thicknesses > 20 nm, which shows that this thermal annealing process results in an increase in 
molecular order of the bulk P3HT. This effect is reduced for 10 nm films and no difference in peak 
width is observed for the 5 nm case, indicating that the disordered interface experiences no 
morphological change during annealing. In both cases the bottom interface is constrained 
(PEDOT:PSS/P3HT), whereas the top interface is free and so we suggest that the disordered 
interfacial polymer in the “0 nm ZnO” and “Pristine” samples is most likely to be localised to the 
PEDOT:PSS/P3HT interface. 
Comparison between the “0 nm ZnO” and “60 nm ZnO” samples shows that the deposition of ZnO 
results in an overall increase in FWHM for all thicknesses; this is most pronounced for the thinnest 
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film where the FWHM is increased from 36.0 to 39.0 cm-1 by the ZnO deposition, and the effect gets 
weaker with increasing film thickness. For the 130 nm films the FWHM increases from 31.6 to 
32.4 cm-1; the reduction in this effect for thicker films indicates that the bulk P3HT morphology is 
relatively unaffected by the ZnO deposition, whilst the interfacial material becomes significantly 
more disordered. Since this process does not appear to affect the bulk material strongly, we surmise 
that the morphology of the P3HT at the PEDOT:PSS/P3HT interface is not affected and so the 
observed increase in disorder of interfacial P3HT is located at the P3HT/ZnO interface and is caused 
by the ZnO deposition itself. 
In summary, the PLD process causes an increase in molecular order of the bulk P3HT associated with 
the thermal annealing effect, but the ZnO deposition itself results in the formation of a layer of 
disordered P3HT at the P3HT/ZnO interface. The mechanism by which the disordered polymer layer 
at the P3HT/ZnO interface is formed is not clear but we may speculate that it results either from: 
strain at the ZnO interface induced by the rigid oxide layer confining the P3HT, or physical damage to 
the polymer resulting from high energy impacts of particles from the PLD plume disrupting the 
surface morphology. The thermal transitions of conjugated polymers are known to have a thickness 
dependence over this thickness range so we might expect the thinner films to have lower transition 
temperatures and hence to be softer and more susceptible to disruption, so this factor may 
contribute to the observed effect.[21] 
5.2.4 Device Performance  
In addition to the preceding results, which identify the formation of a disordered polymer layer at 
the P3HT/ZnO interface, we are also interested in the photovoltaic performance of the completed 
devices (i.e. “60 nm ZnO” samples with 100 nm Al contacts evaporated onto the ZnO). The device 
performance characteristics under simulated 1 Sun illumination are given in Figure 5.4 (see 
Section 3.5 for experimental details). 
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Figure 5.4 Photovoltaic device performance characteristics plotted against P3HT thickness: a) Jsc, 
b) PCE, c) Voc, and d) FF.  
The highest PCE was measured for devices with a 20 nm P3HT layer thickness (0.026 ± 0.004 %). The 
Jsc, Voc, and FF of these devices were 0.52 ± 0.06 mA/cm
2, 0.17 ± 0.01 V, and 0.29 ± 0.01 respectively. 
This optimised device performance is comparable with other published values for similar devices in 
both the inverted and conventional architectures.[12,16,19] Whilst the maximum PCE is given by a 
20 nm P3HT thickness, the highest Jsc is measured for the 10 nm P3HT layer, which agrees with 
quoted values for the exciton diffusion length.[22–24] The reduced PCE for the 10 nm case relative to 
the 20 nm P3HT layer is attributed to the drop in Voc measured for the former case, which is 
indicative of shunt connections arising from short circuit connections across the active layer. This is 
likely to arise due to reduced film quality or homogeneity for these extremely thin P3HT layers. 
As the P3HT thickness increases from 20 nm towards 210 nm, the PCE and Jsc both decrease 
dramatically, which we would expect for this planar bilayer architecture since only the polymer 
within an exciton diffusion length of the P3HT/ZnO interface contributes to the photocurrent, so any 
P3HT thickness beyond this simply attenuates the light intensity in the active region leading to 
reduced photocurrent generation.[25] There are also decreases in Voc and FF with increasing thickness 
for P3HT layers > 40 nm thick, and with a sharp drop beyond 115 nm. We attribute this effect to a 
reduction in charge collection efficiency resulting from an excessively thick P3HT layer, which 
hinders hole transport.[26] 
5.2.5 Optical Modelling and Charge Generation 
A more detailed analysis of the role of the interfacial P3HT in photocurrent generation can be 
provided by the external quantum efficiency (EQE) spectra, which are compared in Figure 5.5a for 
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devices with 20 and 50 nm P3HT layers. The EQE spectra of both devices show two bands: 300-
370 nm and 400-650 nm, which correspond to main absorption bands of the ZnO and P3HT 
respectively. The clearest difference between the two spectra is that the device with the 50 nm 
P3HT layer has a reduced EQE over the range 450-650 nm. This range lies within the absorption band 
of the P3HT, indicating a reduced photocurrent contribution from the polymer, whereas the ZnO 
contribution is unaffected. Significantly, there is no reduction in EQE across the range 400-450 nm, 
which also lies within the P3HT absorption band but corresponds particularly to the disordered 
phase of the polymer.[20,27] This result indicates that the disordered P3HT contributes significantly to 
the measured photocurrent in both cases and is consistent with the observation that this disordered 
phase lies in the active region, within the exciton diffusion length of the ZnO/P3HT interface. 
Additionally, this demonstrates that the morphological disruption of the polymer during PLD does 
not destroy the optoelectronic functionality of the P3HT, though the presence of a disordered layer 
might be expected to present an energetic barrier to exciton diffusion from the more ordered bulk 
of the polymer layer to the active interface.[27] 
 
Figure 5.5 EQE spectra for P3HT/ZnO bilayer devices comparing 20 nm and 50 nm P3HT layer 
thicknesses: a) measured spectra, b) spectra calculated from the optical model. 
A more detailed understanding of the impact of the P3HT layer thickness on the photocurrent 
generation must consider thin film optical effects. These are taken into account using a scattering 
matrix optical model of the device structure to calculate EQE spectra. The results of such a 
calculation are shown in Figure 5.5b, assuming a 10 % internal quantum efficiency for photons 
absorbed by the P3HT within 20 nm of the P3HT/ZnO interface or by the ZnO. Comparing these 
results with the experimental spectra confirms the validity of this model, and shows that the 
measured reduction in the P3HT contribution to the photocurrent for the 50 nm layer is mainly 
attributed to reduced light harvesting efficiency. The main discrepancy between the experimental 
and calculated EQE spectra is that the calculated spectra underestimate the contribution from the 
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higher energy part of the P3HT absorption band (400-500 nm) relative to the low energy part (500-
650 nm). The strength of this contribution has already been attributed to the presence of the 
disordered interfacial P3HT, and is not reproduced by the optical model because it does not 
distinguish between different morphological phases of P3HT. The use of ZnO as an optical spacer for 
thin film solar cells is a well-known idea, and this model could be used to optimise the thickness of 
the ZnO layer and so further enhance the photocurrent generation.[28,29] 
5.3 P3HT/CdS Nanoparticle Blend Interactions 
Cadmium sulphide nanoparticles are a promising candidate material for use in hybrid photovoltaics, 
yielding efficiencies up to 4.1% in blend films with P3HT.[4] The key challenge for these blends is to 
produce an optimised morphology with a large interfacial area but preserving interconnectivity of 
the P3HT and CdS domains. In addition to this nanometre scale morphology, the molecular scale 
order of the polymer is also important since it determines the optoelectronic properties of the P3HT. 
Both of these factors (nanostructure and molecular order) are determined by the interactions 
between the organic and inorganic materials during film formation and so techniques must be 
developed to control these interactions.[5,30]  
One attractive approach to forming nanostructured hybrid blend films makes use of soluble 
precursors, which can be blended with the organic component prior to deposition and subsequently 
decomposed to produce the inorganic nanoparticles in situ.[31–33]  A particular advantage of this 
technique is that it obviates the need for solubilising ligands, which can compromise the exciton 
dissociation probability and overall device performance.[34] In this study, we seek to investigate the 
morphological development of this nanostructured film with a particular focus on the molecular 
order of the polymer and the interactions between the organic and inorganic components. 
5.3.1 In Situ Formation of Hybrid Nanostructures 
The cadmium xanthate (Cd(S2COEt)2(C5H5N2)2) precursor solution was prepared in dichlorobenzene 
as described in detail elsewhere.[35] This was blended with P3HT (Sigma-Aldrich, Mn = 22.3 kg/mol, 
Polydispersity = 1.9, regioregularity = 90.0 %) to give a 80:20 CdS:P3HT weight ratio (after thermal 
decomposition). P3HT was dissolved in chlorobenzene or xylene for nanowire (nwP3HT) preparation 
(described in Section 4.2). The relatively low regioregularity P3HT was chosen because this appears 
to be optimal for well-controlled nanowire formation.[36] The blended solution was spin coated 
(1000 rpm) to form a thin film and then thermally annealed for 30 minutes at 160 °C under nitrogen, 
during which the precursor decomposes to form CdS nanoparticles and volatile by-products, which 
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are not expected to remain in the film. The steps in this film formation process are illustrated by 
Figure 5.6. 
 
Figure 5.6 Diagram illustrating formation of nanostructured P3HT:CdS hybrid blend film by in situ 
thermal decomposition of a cadmium xanthate precursor. 
For in situ Raman spectroscopy measurements the thermal annealing was performed in a 
temperature controlled sample stage and a 457 nm laser excitation (100 μW defocussed to 10 μm 
spot, 30 s exposure) was used to resonantly enhance the Raman scattering from both the CdS and 
the disordered phase of the P3HT so that both could be probed simultaneously.[20]  
Devices were prepared in the inverted structure: ITO/TiO2/CdS/P3HT:CdS/PEDOT:PSS/Au.
[37] TiO2 
was deposited by spin coating from a precursor (0.1 M titanium isopropoxide and acetylacetone in 
ethanol) at 4000 rpm followed by annealing for 60 minutes at 450 °C.[38] The CdS layer was deposited 
from the cadmium xanthate solution by spin coating at 4000 rpm and then annealing for 30 minutes 
at 160 °C. Otherwise the devices were prepared using the methods described in Section 3.1 with 
100 nm Au electrodes. Solar cell performance was measured with a ScienceTech SS150W solar 
simulator (Water Filter IR and ScienceTech AM 1.5 filters) and a Keithley 2400 source measure unit. 
The thermal decomposition of the cadmium xanthate in the blend film can be readily demonstrated 
by comparing the absorption spectra of P3HT:CdS films before and after annealing, which are shown 
in Figure 5.7 alongside spectra for neat P3HT and CdS films. The CdS has an absorption onset around 
500 nm, whereas the P3HT absorption band covers the range 400-650 nm, as a result the two 
contributions are readily distinguishable in the blend film. The P3HT:CdS film before thermal 
annealing shows no contribution from the CdS absorption band, but after annealing there is a strong 
absorption in this region showing that the CdS has formed. We also observe a reduction in the 
strength of the P3HT absorption between 500 and 650 nm, which suggests a change in the polymer 
morphology. The ratio of absorbances for the first and second vibronic peaks (A0-0/A0-1) is a simple 
measure of P3HT molecular order, and in this case it decreases from 0.75 to 0.70 ± 0.01 during the 
annealing process, suggesting a disruption of the intramolecular order.[39] This morphological change 
is considered in more detail below using resonant Raman spectroscopy. 
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Figure 5.7 Thin film absorption spectra of P3HT, CdS, and P3HT:CdS blends before and after thermal 
annealing. 
5.3.2 Morphological Development of Hybrid Film 
Raman spectroscopy provides a non-invasive probe for the chemical and morphological changes 
arising during the thermal annealing step of the P3HT:CdS film formation. Figure 5.8a shows the 
Raman spectra for the blend measured before, during, and after annealing. The spectra measured 
before and after were recorded at 20 °C, and the main P3HT C=C collective stretching mode peak 
(1450 cm-1) is strong in both cases (see Section 2.4.1 for assignment of other peaks), whereas a new 
peak appears at 303 cm-1 after annealing, and is assigned to the CdS component.[40] The spectra 
measured during annealing at 160 °C after 2 minutes and after 30 minutes are similar: in each case 
the 303 cm-1 peak is visible but weak, and the 1450 cm-1 peak remains strong. There is also an 
increase in the fluorescence background measured for the spectra at 160 °C, which is absent at 
20 °C, and originates from the P3HT and indicates an increase in PL efficiency caused by  reduced 
intermolecular interactions at high temperatures.[27] 
 
Figure 5.8 Resonant Raman spectra of P3HT:CdS blend films measured at 20 °C before and after 
annealing, and at 160 °C during annealing at 2 minutes and at 30 minutes: a) raw spectra, b) showing 
growth of 303 cm-1 CdS peak, and c) normalised spectra showing change in shape of main P3HT C=C 
peak. Spectra in a) and b) are vertically offset for ease of comparison. 
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The growth of the CdS Raman peak during thermal annealing is shown more clearly in Figure 5.8b, 
which focusses on the low frequency part of the Raman spectrum. The peak at 303 cm-1 is 
completely absent before annealing, but is clearly visible, along with a weaker overtone peak at 
605 cm-1, within two minutes of heating to 160 °C. This peak shows no further development over 
annealing for 30 minutes, but increases in intensity upon quenching to room temperature. This 
indicates that the chemical decomposition is complete within two minutes of heating. The increased 
intensity of the CdS Raman peaks when measured at 20 °C is attributed to a thermal effect where 
the lifetime of the resonantly excited electronic state is longer at low temperature.[40] 
Figure 5.8c compares the shapes of the main P3HT C=C (1450 cm-1) and C-C (1380 cm-1) Raman 
peaks, whose peak positions, shapes, and relative intensities reveal the evolution of the polymer 
morphology. During annealing (after two minutes and after 30 minutes at 160 °C), both peaks are 
shifted to slightly lower energies and the main C=C peak broadens towards higher energy (FWHM 
increases from 37 to 42 ± 1 cm-1). The peak broadening is preserved after cooling to 20 °C so we 
assign this to a morphological change, where the distribution of molecular conformations has 
broadened. This broadening arises from an increase in the contribution to the 1450 cm-1 peak in the 
1450-1500 cm-1 range, which is associated with the disordered P3HT phase and so indicates a 
disruption of molecular order during the annealing process.[20] The shift in peak positions at 160 °C is 
reversed upon cooling so is attributed to the anharmonicity of these C-C and C=C vibrational modes, 
which is observed when a significant population of the sample is in a vibrationally excited state.[41] 
These changes in the Raman spectrum of the P3HT:CdS film during the annealing process are 
compared with neat materials under the same conditions in Figure 5.9, where the CdS peak intensity 
and P3HT C=C peak FWHM are plotted against annealing time. 
 
Figure 5.9 a) Normalised intensity of CdS 303 cm-1 Raman peak, and b) FWHM of main P3HT C=C 
Raman peak for CdS, P3HT and P3HT:CdS films plotted against annealing time. 
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Figure 5.9a compares the development of the CdS 303 cm-1 Raman peak in the P3HT:CdS blend with 
a neat film of the CdS precursor. The peak intensity is normalised to the final spectrum, i.e. when the 
process is complete, and in both cases the same trend is observed with the CdS peak forming within 
two minutes of heating and undergoing no further change until quenched. This shows that the 
presence of the P3HT in the blend film has no measurable effect on the CdS precursor 
decomposition process. In contrast, the development of the P3HT morphology (Figure 5.9b) is 
markedly different in the P3HT:CdS and neat P3HT films. A broadening of the P3HT C=C peak is 
identified with an increase in polymer disorder. For the neat P3HT film we observe a decrease in the 
FWHM from 36 to 33 ± 1 cm-1 during thermal annealing, which reaches completion in 5-10 minutes 
and remains after quenching to room temperature. Conversely, the P3HT:CdS blend shows a rapid 
increase in FWHM from 37 to 42 ± 1 cm-1) within the first two minutes of annealing and no further 
change. This disordering of the P3HT morphology correlates with the formation of the CdS and so is 
a clear indication that the thermal decomposition process, by which the CdS nanoparticles form, 
causes a simultaneous disruption of the molecular order in the P3HT matrix. Disordered P3HT has a 
lower hole mobility than the ordered phase and a blue-shifted absorption, which overlaps less 
strongly with the solar spectrum.[42] Both of these factors mean that we expect this morphological 
disruption to be detrimental to solar cell performance, and therefore we consider ways of 
minimising this effect.  
5.3.3 Impact of Annealing Temperature 
The cadmium xanthate precursor is designed to decompose at around 150 °C, so we consider the 
use of temperatures over the range 140-240 °C (i.e. increasing the annealing temperature through to 
melting the P3HT) as a way of modifying the polymer morphology, either by minimising the 
disruptive effect or by encouraging a subsequent reorganisation of the polymer. We monitor the 
impact of different temperatures by comparing the Raman spectra of the P3HT, as shown in Figure 
5.10. 
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Figure 5.10 Comparison of normalised P3HT C=C Raman peaks for P3HT:CdS blends measured at 
20 °C before and after thermal annealing at temperatures from 140 to 240 °C. 
In each case, regardless of temperature, the 1450 cm-1 peak shifts to higher energy and broadens 
while the 1380 cm-1 peak shifts to lower energy and decreases in relative intensity, as observed in 
Figure 5.8c. The magnitude of these effects is minimised at 140 °C and increases with annealing 
temperature, indicating that the disruption to the P3HT molecular order is enhanced at elevated 
temperatures and there is no evidence of re-ordering.  
Spectroscopy provides a probe for the molecular scale ordering of the polymer, but the device 
performance of the blend film is also dependent upon the formation of an optimised nanostructure, 
which we examine using AFM. Figure 5.11 compares AFM height images for P3HT:CdS films formed 
by annealing at 140, 200, and melting at 240 °C. At the lowest temperature (140 °C) the film is 
formed with a ‘granular’ surface morphology, with grain diameters of 150 ± 60 nm, whereas the 
highest temperature (240 °C) results in a ‘plateau’-like structure, comprising large (400 ± 300 nm 
across) flat regions with smaller holes and ‘cracks’ in between. The depth of these ‘cracks’ is 
measured as 40 ± 20 nm but is likely to be underestimated due to the size of the cantilever tip, and 
they may well extend through the whole thickness of the film. The intermediate case (annealing at 
200 °C) appears to show a transitional state showing some regions with the ‘granular’ structure and 
some with the ‘plateau’ morphology. Thermal decomposition of the CdS precursor is reported 
elsewhere to produce well-defined nanoparticles with sizes in the range 4-10 nm, depending on the 
solvent conditions, in contrast, the larger structures observed here are more typical of the CdS 
nanoparticle aggregates, which arise when the polymer matrix is introduced.[35,43] 
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Figure 5.11 AFM height images (5 × 5 μm) of P3HT:CdS films after annealing at 140, 200 and melting 
at 240 °C. Note different height scales. 
The precise mechanism by which the thermal decomposition of the cadmium xanthate and 
formation of CdS nanoparticles disrupts the molecular ordering of the P3HT is not clear. Some 
evidence has been reported that the polymer acts as a capping agent on the nanoparticles.[35] An 
interaction of this type between a CdS nanoparticle and neighbouring P3HT molecules might be 
expected to disorder the polymer as the chains conform to the CdS surface. Alternatively, the 
decomposition process itself may cause localised damage to the polymer matrix as the volatile 
products are evolved and pass through the polymer film. Either case would be consistent with our 
observations. At higher temperatures we would expect the polymer chains to be more mobile and 
so more easily disordered. 
5.3.4 Impact of Nanowire Formation 
In addition to controlling the thermal annealing temperature, another technique for overcoming 
disruption of P3HT molecular order is the formation of nanowires, which was shown to be effective 
in Section 4.3 and elsewhere.[44–47] Here we apply the same technique of pre-forming nwP3HT in 
solution prior to blending with the cadmium xanthate. The AFM height images in Figure 5.12 
compare the pristine P3HT:CdS and nwP3HT:CdS blend films and confirm the presence of the 
nanowires, which appear as bright linear features in the nwP3HT:CdS image. Some of these features 
also appear in the P3HT:CdS film, though there are fewer of them and their structures are less 
distinct. 
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Figure 5.12 AFM height images (2 × 2 μm) of P3HT:CdS precursor and nwP3HT:CdS precursor films 
before thermal annealing (pristine). Note different height scales. 
Figure 5.13 assesses the impact of the P3HT nanowires on the molecular order in the blend film after 
annealing at different temperatures (140 to 240 °C). The trend here is the same as that observed in 
the non-nanowire case (cf. Figure 5.10): increasing disruption with increasing temperature, except 
that the disruptive effect reaches its full extent at 160 °C with no further increase up to 240 °C. This 
reveals that the P3HT nanowires have an increased susceptibility to the molecular disordering effect 
resulting from the CdS nanoparticle formation process (the opposite of our expectation). 
 
Figure 5.13 Comparison of normalised P3HT C=C Raman peaks for nwP3HT:CdS blends measured at 
20 °C before and after thermal annealing at temperatures from 140 to 240 °C. 
Some insight into the reason for the susceptibility of the nwP3HT to disruption is gained by 
examining the AFM height images for films formed at different temperatures shown in Figure 5.14. 
Similarly to the non-nanowire case, the ‘granular’ and ‘plateau’ morphologies are both in evidence, 
but there are two significant differences: firstly, the ‘plateau’ morphology is fully formed at 200 °C 
with no ‘granular’ regions, and secondly, the density of ‘cracks’ in the ‘plateau’ structure is higher 
and they tend to be longer and more linear. The development of the ‘plateau’ morphology at lower 
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temperatures correlates with the increased polymer disruption at lower temperature, and suggests 
that these nanometre scale and molecular scale transitions are related and that the large grains 
contain intimately blended P3HT and CdS, rather than representing increased phase segregation. 
The long, thin ‘cracks’ are also reminiscent of the nanowire morphology in Figure 5.12, and so, on 
the basis of these observations, we speculate that the nanowires have a templating effect on the 
nanostructure of the P3HT:CdS blend film. We suggest that the aggregated P3HT in the nanowires 
provides preferential sites for decomposition of the CdS precursor, resulting in their having 
increased susceptibility to molecular scale disruption through either of the mechanisms suggested in 
Section 5.3.3. 
 
Figure 5.14 AFM height images (5 × 5 μm) of nwP3HT:CdS films after annealing at 140, 200 and 
melting at 240 °C. Note different height scales. 
5.3.5 Device Performance 
We relate the morphological effects described above to the overall photovoltaic performance of the 
various nanostructured films in Figure 5.15, which plots the PCE against annealing temperature for 
P3HT:CdS and nwP3HT:CdS films. 
 
Figure 5.15 Photovoltaic efficiency at 1 Sun for a) P3HT:CdS, and b) nwP3HT:CdS, devices plotted for 
temperatures from 140 to 240 °C, showing average and maximum values. 
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The device efficiencies reported here (up to 1.2 %) are comparable with, but somewhat lower than, 
other reports based on this same material system (up to 2.1 %).[35,37] For both P3HT:CdS and 
nwP3HT:CdS films, the best performance results from the lowest temperature annealing (140 °C) 
and drops sharply to around 0.7 % at a threshold temperature. For P3HT:CdS the threshold 
temperature is between 220 and 240 °C, whereas for nwP3HT:CdS it lies between 140 and 160 °C. 
Comparison of this temperature dependence with the morphological temperature dependences 
outlined above shows that the good device performance corresponds with the ‘granular’ 
nanostructure, whereas the poor performance corresponds with the ‘plateau’ nanostructure. The 
AFM images and Raman spectroscopy both support the observation that the nwP3HT:CdS film 
morphology is compromised at a lower temperature than the P3HT:CdS case. The poor performance 
in the films annealed at high temperatures is attributed to the increased molecular scale disruption 
of the P3HT morphology and the overdevelopment of the nanostructure forming large mixed 
domains.[4,48–52] It is also likely that the observed ‘cracks’ lead to shunt connections across the active 
layer and so also compromise device efficiency. 
5.3.6 Future Prospects  
The optimum morphology obtained here in terms of device efficiency is the ‘granular’ nanostructure 
produced by annealing at low temperature (140 °C), which preserves the highest degree of P3HT 
molecular order.  We have identified that the molecular scale disruption of the polymer matrix is 
caused by the process of the cadmium xanthate precursor thermally decomposing to produce CdS 
nanoparticles, and our failure to eliminate this effect suggests that it is intrinsic to the process.  
Nanowires of P3HT were found to have increased susceptibility to this disruption, and higher 
annealing temperatures also exacerbate it. We therefore suggest that the formation of this 
disordered P3HT/CdS interface is an unavoidable result of this route to hybrid film formation (i.e. in 
situ thermal decomposition of a cadmium xanthate precursor). In order to yield higher solar cell 
efficiencies alternative processes should be explored, perhaps designing precursor molecules which 
decompose at lower temperatures or in a more controlled way. 
5.4 Conclusions 
The two hybrid systems studied in this Chapter both show the formation of a disordered polymer 
layer at the hybrid interface (P3HT/ZnO and P3HT/CdS). In each case this molecular disruption was 
found to occur during the process of interface formation, whether by PLD or by in situ thermal 
decomposition of a precursor. It is widely understood that polymer disorder at the interface is 
detrimental to device performance, and our results support this, showing (for P3HT/CdS films) that 
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this disruption must be minimised in order to optimise the solar cell efficiency. Unfortunately, this 
effect appears to be intrinsic to the methods of film formation employed here, and so new 
techniques for creating the polymer/inorganic interface should be considered. 
The techniques demonstrated here, particularly the use of resonant Raman spectroscopy to detect 
the interfacial polymer disorder and as an in situ probe during the film formation process, are widely 
applicable and we anticipate their utility in the ongoing development of techniques for producing 
optimised hybrid interface morphologies. 
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Chapter 6  
In Situ Measurements of Polymer 
Photodegradation and Thermal Stability 
We investigate the mechanism of polymer photodegradation for diketopyrrolopyrrole (DPP)-based 
donor-acceptor copolymers, using in situ resonant Raman spectroscopy to photoexcite the sample 
and to measure the Raman spectrum simultaneously. We find that the polymer is stable under 
photoexcitation of the low energy absorption band, which we identify as an electronic transition 
having strong charge transfer character localised to the DPP unit. However, it is unstable under 
excitation of the high energy absorption band, identified as a delocalised π-π* transition. Changes in 
the Raman spectrum show that the donor (selenophene) unit is the site of the photodegradation 
mechanism. An additional study considering the thermal behaviour of fluorinated polythiophenes 
finds that the fluorine unit acts not only to planarise the polymer but also makes it more rigid and 
more stable against conformational change at temperatures up to 300 °C. These conclusions provide 
insights into the design of photostable and morphologically stable conjugated polymers. 
 
The work in this Chapter was carried out in collaboration with Martin J. Heeney and co-workers, 
Chemistry Department, Imperial College London, who supplied the materials. Fluorinated 
polythiophene samples were prepared by P. Boufflet. The results in Section 6.2 are currently in 
preparation for publication.[1] 
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6.1 Motivation and Aims 
The operational stability of conjugated polymers is a critical issue which must be overcome for them 
to find widespread commercial application. The topic of stability encompasses a wide range of 
diverse issues related to various components and features of conjugated polymer devices. [2] In this 
Chapter we consider only the conjugated polymer itself, and are concerned with the response of the 
material to photoexcitation and elevated temperatures. 
The first part of this Chapter is concerned with the photostability of donor-acceptor copolymers. 
Donor-acceptor (D-A) copolymers are an important and established class of conjugated polymer, 
which have found widespread application across the field of organic semiconductors. The push-pull 
approach to energy level tuning has been applied to light emitting materials for about a decade, but 
now D-A materials also dominate reports of high performance organic transistors and 
photovoltaics.[3–8] The low energy gaps achievable with D-A copolymers are particularly attractive for 
solar cell applications, since they can be tuned to optimise harvesting of the solar spectrum.[9,10] 
Many of these materials also feature highly coplanar conjugated backbones resulting in close 
molecular packing and high charge carrier mobilities, which are important for both transistor and 
photovoltaic applications.[3,11–13] However, whilst the performance of these materials in devices has 
been well documented, the stability of these materials under operational conditions remains a 
crucial problem. The aim of this work with D-A copolymers was to probe the photodegradation 
mechanism by considering the stability of the molecule under excitation of the different absorption 
bands within the visible range. We make use of resonant Raman spectroscopy as an in situ probe of 
this process, using the laser excitation to simultaneously cause photodegradation and probe the 
chemical change. In achieving this aim we also identify the nature of the corresponding electronic 
absorption transitions, and distinguish the photodegradation effect from thermal degradation. 
The second part of this Chapter is concerned with the effect of elevated temperature on the 
conformation of polythiophene thin films. In this case, we consider the effect of backbone 
fluorination on the molecular conformational stability at high temperature. Morphological instability 
has been identified as a fundamental problem for polymer photovoltaics, requiring the development 
of strategies for stabilising the morphology.[2] It is anticipated that non-bonding interactions with the 
fluorine atom will act to planarise the polythiophene backbone and lead to stronger intermolecular 
interactions.[14,15] We test this hypothesis using in situ Raman spectroscopy to monitor the  impact of 
fluorination on the conformational stability of the polymer. 
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6.2 Diketopyrrolopyrrole (DPP)-Based Copolymers 
Diketopyrrolopyrrole (DPP) has recently attracted interest as a strongly electron accepting unit for 
use in D-A copolymers, yielding materials with very low energy gaps (as low at 1.1 eV) when 
copolymerised with an electron rich donor such as thiophene or its derivatives.[16] DPP-based 
copolymers have produced some of the highest efficiency polymer solar cells, with efficiencies up to 
9% in a triple-junction device.[7,12,16–18] This high performance has been attributed partly to effective 
charge carrier transport,[19,20] but particularly to efficient photogeneration of charge related to the 
charge transfer character of the main optical absorption transition.[21–24]  
In order to understand the photostability of these copolymers and the mechanisms of 
photodegradation, it is important to elucidate their optoelectronic properties and particularly the 
nature of the optical absorption transitions. To do this, we consider a series of three DPP-based 
copolymers whose structures and nomenclature are given in Figure 6.1. All three materials have DPP 
as the electron accepting unit but either selenophene or thiophene as the electron donor, and either 
straight or branched alkyl side chains. These substitutions enable us to distinguish the origins of 
different features in the absorption spectra of the copolymers. 
 
Figure 6.1 Chemical structures and nomenclature of the three polymers investigated in this study: 
DPPB-3Se, DPPS-3Se, and DPPB-3T. 
Materials were received from M. Heeney and co-workers and the syntheses are not described here 
(syntheses of DPPB-3Se and DPPB-3T have been described previously).[25,26] Molecular weights are: 
DPPB-3Se (Mw = 210 kg/mol, Mn = 70 kg/mol), DPPB-3T (Mw = 170 kg/mol, Mn = 54 kg/mol), and 
DPPS-3Se (Mw = 48 kg/mol, Mn = 33 kgmol). The lower molecular weight of DPPS-3Se is attributed to 
precipitation during polymerisation, as a result of poor solubility from the straight alkyl side chain.  
Solutions were prepared in chloroform at 0.1 mg/ml for absorption spectroscopy, and 1 mg/ml for 
Raman spectroscopy and measured in Suprasil quartz cuvettes with 1 mm light path. Thin films were 
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spin coated to ~ 60 nm thickness on quartz substrates. All other experimental details and techniques 
are described in Sections 3.1.3, 3.3, and 3.6. 
D-A copolymers are typically observed to have two strong absorption transitions, sometimes 
referred to as a ‘camel-back’ absorption spectrum.  espersen et al. identified the lower energy 
transition as having charge transfer character and the higher energy transition having a more 
delocalised π-π* character, based on semi-empirical quantum chemical calculations.[27] This 
understanding of the nature of the absorption transitions in D-A copolymers is widely accepted, but 
there is little experimental evidence and it is unclear how broadly it applies to different D-A 
materials.[9,28–30] This study begins by testing the applicability of this model to DPP-based 
copolymers. 
6.2.1 Nature of Optical Absorption Transitions 
The thin film absorption spectra of the three DPP-based copolymers are shown in Figure 6.2a. In 
each case there are two clear absorption bands: a low energy band (520-1150 nm) and a high energy 
band (320-520 nm).  In contrast to the typical ‘camel-back’ absorption spectrum where both 
absorption bands are of comparable strengths, the low energy absorption band here is much 
stronger than the high energy band. This is a first indication that the traditional model does not 
apply directly to these materials.[27] All three materials have qualitatively similar absorption spectra, 
though there are differences in the shapes and spectral positions of the bands. The two polymers 
containing selenophene as the electron donating unit (DPPB-3Se and DPPS-3Se) have very similar 
spectra, where the only clear difference is that the low energy absorption peak is split into two 
distinct components for DPPS-3Se and the absorption onset is slightly red-shifted. Both polymers 
have identical chromophores since the only difference in chemical structure is the side chain 
branching, we therefore identify that this difference is morphological in nature (see further 
discussion below for absorption measured in solution). The thiophene containing polymer (DPPB-3T) 
has both absorption bands shifted towards higher energy, which is consistent with other studies 
showing that the optical energy gap in D-A copolymers is narrowed by selenophene 
substitution.[18,31,32] The peak absorption coefficients measured from the thin films are: DPPB-3Se, 
1.3 ± 0.2; DPPS-3Se, 1.6 ± 0.4; DPPB-3T, 0.8 ± 0.2 × 105 cm-1. The uncertainties in these values are 
dominated by the accuracy of the thickness measurement and non-uniformity of the films, especially 
for DPPS-3Se, where the film quality was poor due to limited solubility. 
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Figure 6.2 UV-visible absorption spectra of DPPB-3Se, DPPS-3Se, and DPPB-3T (normalised) 
measured in a) thin films, and b) 0.1 mg/ml solution including chloroform reference spectrum and 
spectral positions of 457 nm and 785 nm excitation lasers. 
Absorption spectra measured in solution show more clearly resolved structure (Figure 6.2b), with 
two clear contributions within the low energy absorption band for all three polymers. In this case, 
the differences in the absorption onsets are more pronounced; in particular DPPS-3Se has a strongly 
red-shifted absorption compared to DPPB-3Se, which was not the case in the thin film spectra. We 
understand this by assigning the low energy absorption shoulder to an aggregated phase of the 
polymer, which is not present in the DPPB-3Se solution due to its improved solubility. This shows 
that the straight alkyl side chain of DPPS-3Se leads to an increased affinity for aggregation and 
allows us to assign the lowest energy part of the main absorption band (950-1150 nm for the DPPB-
3Se and DPPS-3Se) to aggregated polymer. The chloroform solvent has small absorption peaks at 
1150 nm and < 300 nm, but otherwise no significant absorption in the range of interest.  
In order to identify the nature of the two main absorption bands, we make use of the strong 
electron-phonon coupling observed in conjugated polymers where optically active electronic 
transitions result in geometric distortions of the molecular structure. Resonant Raman spectroscopy 
provides a simple probe for the geometric distortions corresponding to optical excitations at specific 
photon wavelengths. The observed resonant enhancements of particular Raman active modes 
indicate which bonds and parts of the molecule are most strongly affected by the electronic 
transition, and hence can describe the change in (de)localisation of the electronic wavefunction on 
the molecule.[33–35] The origin of the resonant Raman scattering intensity is described in greater 
detail in Section 2.4 and Appendix. In this study, we use two excitation laser wavelengths: 457 and 
785 nm, which lie near to the peaks of the high and low energy absorption bands respectively (see 
Figure 6.2b), and so provide good probes for the nature of these electronic transitions. 
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The resonant Raman spectra measured for the three materials, with 457 and 785 nm excitations, are 
shown in Figure 6.3. The chloroform solvent has no Raman active vibrational modes within the 
plotted range (see spectrum in Section 3.3.3). Raman spectra for conjugated molecules are typically 
dominated by a small number of vibrational modes, corresponding to collective vibrations of bonds 
in the conjugated backbone. For this series of DPP-based copolymers, these modes lie within the 
range 1300-1600 cm-1 and there are four clear peaks labelled A, B, C, and D in Figure 6.3, where peak 
C is strong in the spectra measured with 457 nm excitation but almost completely absent under 
785 nm excitation. The same peaks are identifiable in the spectra of all three polymers though with 
some variation in their positions and intensities, which relate to differences in the molecular 
structures and conformations. In DPPB-3Se, the peaks A, B, C, and D are centred at 1366, 1416, 
1450, and 1510 cm-1 respectively.  The strongest peak shift is observed for peak B, which lies at 
1416 cm-1 for DPPB-3Se, 1408 cm-1 for DPPS-3Se, and 1426 cm-1 for DPPB-3T. This variation in the 
energy of the vibrational mode indicates differences in the effective force constant, which can be 
easily interpreted as differences in the length (strength) of the bonds involved in the stretching 
mode. For DPPB-3Se and DPPB-3T, the shift in peak position arises from the selenophene/thiophene 
substitution, which is expected to modify both the electronic and conformational properties of the 
molecule.[36] The effects of heavy atom substitutions in D-A copolymers are considered in depth in 
Section 7.3. By contrast, the smaller difference in peak position between DPPB-3Se and DPPS-3Se 
arises from a change in the alkyl side chain branching but no difference in the chromophore, so must 
by morphological in origin. We have already noted the increased tendency of DPPS-3Se to aggregate, 
so the shift in vibrational mode to lower energy is associated with this morphology and is most likely 
to indicate an increase in conjugated backbone planarity in a similar way to the effect described in 
Section 2.4.4.[37] 
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Figure 6.3 Resonant Raman spectra of DPPB-3Se, DPPS-3Se, and DPPB-3T solutions (1 mg/ml in 
chloroform) normalised to the chloroform 667 cm-1 reference peak showing the main Raman-active 
vibrational modes (A, B, C, and D) excited at a) 457 nm, and b) 785 nm. 
The spectra in Figure 6.3 are normalised to the 667 cm-1 chloroform Raman peak so that the Raman 
scattering intensities for the different polymers can be meaningfully compared. For both excitation 
wavelengths, the DPPS-3Se shows weaker Raman scattering than the DPPB-3Se, which suggests that 
the aggregated polymer exhibits a reduced coupling between the incident photons and the 
vibrational modes (either through reduced absorption coefficient or weaker electron-phonon 
coupling). The thiophene-containing polymer DPPB-3T also has weaker Raman scattering than 
DPPB-3Se for the 785 nm excitation, resulting from the substitution of the smaller and less 
polarizable sulphur atom, which would be expected to reduce the Raman activity.[38]  
The intensities of the Raman peaks indicate which parts of the molecule are coupled to the different 
electronic absorption transitions, so in order to interpret this we must first identify the vibrational 
modes. These assignments are based on DFT frequency calculations using the optimised molecular 
geometry shown in Figure 6.4 (method described in Section 3.6) and published descriptions.[36,37,39–41] 
The four strongest Raman-active modes, which are relevant to this work, are illustrated in Figure 6.5. 
The analysis shown here is based on the selenophene containing polymer, but very similar results 
are produced for the thiophene case too. 
 
Figure 6.4 DFT optimised geometry of polymer segment used for identification of Raman-active 
vibrational modes of the DPPB-3Se conjugated backbone. 
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Figure 6.5 Diagrams illustrating the dominant bond stretches involved in the main Raman-active 
vibrational modes A, B, C, and D (1366, 1416, 1450, and 1510 cm-1). 
All four of the main modes are symmetric stretches of bonds in the polymer backbone, but with 
different degrees of localisation on particular units. In particular, mode A (1366 cm-1) is localised on 
the DPP unit primarily on the C-C and C-N bonds away from the conjugated backbone itself, whereas 
B and D (1416 and 1510 cm-1) are stretching modes of the conjugated C=C and C-C bonds through 
the backbone of the DPP unit. Mode C (1450 cm-1) is a stretching mode of the conjugated C=C bonds 
localised on the selenophene (or thiophene in DPPB-3T). These mode descriptions are summarised 
in Table 6.1. 
Table 6.1 Descriptions of the main Raman-active vibrational modes of the DPPB-3Se molecule.  
Mode Peak Position (cm
-1
) Mode Description 
A 1366 DPP intraunit C-C and C-N symmetric stretch 
B 1416 DPP intraunit and interunit backbone C-C symmetric stretch 
C 1450 Selenophene intraunit backbone C=C symmetric stretch 
D 1510 DPP intraunit backbone C=C symmetric stretch 
 
The Raman spectra measured at resonance with the high energy absorption band (457 nm 
excitation) show strong contributions from modes B, C, and D, all of which correspond with 
symmetric stretches of the conjugated carbon bonds in the polymer backbone in both the donor and 
acceptor units. This pattern of resonant enhancement suggests that this high energy absorption 
transition has predominantly delocalised π-π* character i.e. exchange of single and double bonds 
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along the backbone in the excited state, as represented in Figure 6.6a. In contrast, when the low 
energy absorption band is probed using 785 nm excitation, mode C is almost completely absent and 
modes A and B dominate the spectrum. The resonantly enhanced modes in this case (A, B, and D) 
are all localised on the DPP unit, both on the conjugated backbone (B and D), but also off the 
backbone (A). These observations indicate that this electronic transition is localised on DPP unit and 
whilst it has some π-π* character, the enhancement of modes away from the backbone (mode A) 
suggests that it can also be described as a redistribution of electron density around the whole DPP 
unit. This transition is illustrated by Figure 6.6b. 
Resonant enhancement of Raman modes in the acceptor unit has been described elsewhere as a 
signature of an electronic transition with charge transfer character, though if this indicated charge 
transfer from the donor to the acceptor unit we would expect some enhancement of the Raman 
modes on the donor too.[28,42] In this case the donor unit shows no evidence of involvement in the 
low energy absorption transition and so we conclude that it is better described as a redistribution of 
charge within the DPP unit. 
 
Figure 6.6 Diagram representing the natures of electronic transitions where dashed (red) bonds 
indicate which parts of the molecule experience the main geometric distortion during excitation at 
a) 457 nm, and b) 785 nm. 
Using the methods described in Section 3.3, it is possible to extract quantitative Raman scattering 
cross sections for the main Raman-active modes. These are given for DPPB-3Se in Figure 6.7 for 
wavelengths over the range 457 to 785 nm. The values of these cross sections are very large (up to 
10-23 cm2 molecule-1 sr-1 for 785 nm excitation), which is typical for conjugated molecules, and vary 
over three orders of magnitude within this range of resonant conditions.[43] This arises from the high 
polarizability of the extended conjugated system and the strong absorption over these wavelengths. 
All four modes have their largest Raman cross section at 785 nm, corresponding with the peak 
absorption, showing that all these modes couple to the low energy transition, though not equally 
strongly. The relative contributions from the different modes in the extreme cases (457 and 785 nm) 
are discussed above, and this comparison with the intermediate wavelengths shows a smooth 
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transition between the two, indicating that there are only two optically active electronic transitions 
with distinct natures over this range. 
 
Figure 6.7 Measured Raman cross sections of the main Raman-active modes in DPPB-3Se as a 
function of excitation laser wavelength over the range 457 to 785 nm. 
In addition to these two main absorption bands, we also identified a contribution to the low energy 
absorption band from aggregated molecules in the range 950-1150 nm (see above) and there are 
also indications of higher energy transitions with wavelengths below 350 nm. We can explore these 
electronic transitions too (though less quantitatively) by considering thin film samples, which have a 
strong aggregated contribution and are more directly relevant to thin film device applications. 
Resonant Raman spectra were measured using an extended range of excitation wavelengths from 
325 to 1064 nm. The spectral positions of these excitation wavelengths are compared with the thin 
film absorption spectrum of DPPB-3Se in Figure 6.8a, and the resulting Raman spectra are shown in 
Figure 6.8b (normalised to the 1416 cm-1 mode B peak). No significant differences are observed 
between the spectra measured in solution and for thin films, for excitations over the range 457-
785 nm. 
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Figure 6.8 a) Normalised thin film absorption spectrum of DPPB-3Se showing spectral positions of 
Raman excitation lasers used. b) Resonant Raman spectra measured for the DPPB-3Se thin film 
(normalised to peak B). Vertical offset applied for clarity. Arrow indicates growth of 1530-1650 cm-1 
Raman scattering measured with decreasing excitation wavelength. 
Excitation at 1064 nm lies within the low energy absorption band but falls close to the low energy 
onset in the region associated with absorption from the aggregated polymer phase. Comparing the 
three Raman spectra measured with different resonant wavelengths within this absorption band 
(1064, 785, and 633 nm) enables us to investigate whether or not this aggregate absorption 
represents a distinct electronic transition from the rest of the low energy absorption band. These 
spectra all have similar shapes, with strong contributions from peaks A and B and little difference in 
the relative peak intensities. However, the spectrum measured with 1064 nm excitation shows a 
systematic shift of these main peaks by ~ 5 cm-1 to lower energy. The similarity of the relative peak 
intensities indicates that the aggregate absorption has the same electronic nature as the rest of the 
low energy absorption band. The shift to lower energy suggests a reduction in the effective force 
constant of the bonds in the polymer backbone, which could be consistent with the increased 
delocalisation of the π-electron density that might be expected in an ordered polymer 
aggregate.[36,37] 
The 325 nm excitation wavelength falls in the cusp between the high energy absorption band (320-
520 nm) and a higher energy UV absorption. For this reason we expect the Raman spectrum to 
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include contributions from both electronic transitions, resulting from quasi-resonant excitations. 
Comparing the spectra measured at 325 and 457 nm shows that the strong feature at 1550-
1650 cm-1 arises from the higher energy UV transition. The absence of Raman-active modes at this 
energy in the DFT simulations (which neglect resonant effects) makes it difficult to identify the 
nature of this feature, but we suggest that it can be considered as a continuation of the broadening 
of peak D, which is observed for the 514, 488 and 457 nm excitation spectra (indicated with an 
arrow in Figure 6.8b). Vibrational modes in this range for organic molecules typically correspond 
with C=C bonds and we speculate that they are likely to be similar in nature to mode D, where the 
shift to high energy would indicate a greater degree of localisation on the polymer backbone.[37,41] 
We also note that the Raman spectrum measured with the 325 nm excitation looks similar to that of 
the photodegraded sample in Figure 6.9, so it is possible that rapid UV photodegradation contributes 
to the measured spectrum. To summarise the findings of this Section, the nature of the various 
electronic transitions are given in Table 6.2. 
Table 6.2 Summary of the nature of electronic absorption transitions in DPPB-3Se. 
Wavelength Range (nm) Nature of Transition  
950-1150 Charge redistribution within DPP units of aggregated polymer 
950-520 Charge redistribution within DPP units 
320-520  ackbone π-π* transition delocali ed between DPP and Se units 
< 320 Highly locali ed backbone π-π* transition  
 
6.2.2 In Situ Photodegradation 
Having established the nature of the main optical absorption transitions, we are interested in 
understanding the roles of these excited states in photodegradation processes. We probe this 
process by measuring the Raman spectrum as a function of exposure time, using the 457 and 
785 nm excitation lasers to simultaneously photodegrade the DPPB-3Se film and measure the 
resonant Raman scattering.  
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Figure 6.9 a) Resonant Raman spectra for a DPPB-3Se thin film measured using 457 nm excitation 
recorded after exposure times of 10 s up to 1,000 s. b) A 2D plot of Raman scattering intensity 
against Raman shift (abscissa), and exposure time (ordinate) after background subtraction and 
normalisation to the 1416 cm-1 peak. 
Figure 6.9 shows how the Raman spectrum changes over time using 457 nm excitation to stimulate 
photodegradation via the high energy absorption transition. Two effects are clearly observed in 
Figure 6.9a: a broadening of the 1516 cm-1 peak towards higher energy (marked with an arrow), and 
an increase in the strength of the PL background across the whole spectrum. The changes in the 
Raman spectrum are more clearly observed by subtracting this background with a simple linear fit, 
and the resulting Raman scattering is plotted over time in Figure 6.9b as a 2D map. The broad Raman 
band which appears at 1550-1620 cm-1 during photodegradation is similar to that observed under 
325 nm excitation and attributed to localised C=C stretching modes, which would also be consistent 
with a conformational disruption of the polymer leading to segments with reduced effective 
conjugation lengths. The increase in PL is characteristic of reduced intermolecular interactions, 
which are typically associated with disruption of the polymer conformation and molecular 
packing.[37] 
The 2D plot also reveals an additional, faster effect: an increase in the relative intensity of the 
1450 cm-1 peak, occurring most rapidly within the first 200 s of exposure. This effect is shown more 
clearly in Figure 6.10, which shows the raw spectra measured at 1 s and after 100 s of exposure. In 
this case there is no background correction or normalisation in order to demonstrate clearly that this 
is a real effect. The 1450 cm-1 peak (mode C) is strongly localised on the selenophene ring so we can 
identify this unit as the site of this initial degradation process. An increase in Raman scattering 
intensity indicates that these selenophene C=C bonds couple more strongly to the 457 nm optical 
excitation in the degraded form of the polymer, but the precise mechanism of this effect remains 
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unknown. These measurements were performed under nitrogen but the same degradation 
processes occur much more rapidly in air, so we suggest that they relate to photooxidation involving 
small amounts of residual oxygen trapped within the sample during film formation. 
 
Figure 6.10 Resonant Raman spectra of the DPPB-3Se thin film measured with 457 nm excitation 
after 1 s and after 100 s of exposure. 
The analogous experiment was carried out using 785 nm excitation but the same illumination 
intensity, and the results are shown in Figure 6.11. In this case, longer exposure times were 
considered (up to 10,000 s) and the optical density of the film is greater at 785 nm than at 457 nm 
(see Figure 6.8a) but much less evidence of photodegradation was observed. There is a small 
increase in the background photoluminenscence but no variation in the Raman spectrum itself. This 
suggests that the effect observed here is primarily morphological and does not affect the chemical 
structure of the chromophore, so is most likely to arise from localised heating during the 
measurement. Compared with the case for excitation in the high energy absorption band (457 nm), 
it is clear that this polymer is much more stable against photodegradation when excited in the lower 
energy absorption band (785 nm). The previous discussion of the natures of the electronic 
transitions in the two absorption bands identified that the high energy transition couples strongly to 
the vibrational mode on the selenophene unit (mode C) whereas the low energy transition does not. 
This correlates with the observed difference in photostability under excitation of these two different 
transitions and provides further evidence that the degradation mechanism primarily attacks the 
photoexcited selenophene unit. 
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Figure 6.11 a) Resonant Raman spectra for a DPPB-3Se thin film measured using 785 nm excitation 
recorded after exposure times of 5 s up to 10,000 s. b) A 2D plot of Raman scattering intensity 
against Raman shift (abscissa), and exposure time (ordinate) after background subtraction and 
normalisation to the 1416 cm-1 peak. 
The good stability of DPPB-3Se under photoexcitation of the low energy absorption band makes it an 
attractive material for photovoltaic applications since this band offers the strongest light harvesting 
of the solar spectrum. The relative instability of the material to excitation of the high energy 
absorption band, however, represents a challenge for the development of useful devices. This could 
be addressed simply by filtering out this part of the spectrum, though this would cause some 
reduction in light harvesting. Alternatively, chemical modifications could be explored to improve the 
stability and these should be focussed on the selenophene unit, which we have identified as the 
primary photodegradation site. 
6.2.3 In Situ Thermal Degradation 
The degradation effects described above, under photoexcitation conditions, may be suspected to 
include components from thermal degradation as a result of the high intensity of the laser 
excitation, which could result in localised heating. It would certainly be expected that increased 
temperature would aggravate photodegradation, but it is important to distinguish whether the 
observed effects are initiated by optical or thermal excitation. In practice, it is difficult to dissociate 
these effects completely, however, insight can be gained by performing a similar study to that 
reported above but investigating the effect of temperature on the resonant Raman spectra 
measured with 457 and 785 nm excitations. These spectra are shown in Figure 6.12. 
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Figure 6.12 Resonant Raman spectra of DPPB-3Se thin film measured during heating showing 
temperatures over the range 250-425 °C under a) 457 nm, and b) 785 nm excitation. Normalised to 
the 1416 cm-1 peak. 
Thermal expansion of the sample during in situ temperature dependent measurements causes 
variation in the focussing of the laser spot and renders comparison of the strength of the PL 
background meaningless, so the spectra shown here have the background subtracted and are 
normalised. Temperatures from 25 to 425 °C were considered but no change in the Raman spectrum 
was observed between 25 and 250 °C so we focus instead on the range 250 to 425 °C.  
Using 457 nm excitation we observe minimal change in the Raman spectrum of DPPB-3Se up to 
400 °C, but at 425 °C we observe a loss of the 1416 cm-1 mode, an increase in the relative intensity of 
the 1450 cm-1 mode, and a broadening of the 1510 cm-1 mode towards higher energy. These three 
effects are very similar to those recorded for photodegradation under 457 nm excitation in Figure 
6.9, and so might suggest that they represent a thermal degradation process if the local temperature 
were to rise over 400 °C. However, the spectra measured under 785 nm excitation also show 
thermal degradation effects: reductions in the relative intensities of the peaks at 1320 and 
1366 cm-1, which are not observed in the photodegradation experiment (Figure 6.11). This thermal 
effect is observed at temperatures above 300 °C, and so if the photoexcited sample under 785 nm 
excitation were to reach this temperature we would expect to have seen these effects.  The absence 
of these relative peak intensity changes during photoexcitation at 785 nm shows that the local 
heating does not exceed 300 °C. Given that the intensities of the 785 and 457 nm excitations were 
roughly equal, and the optical density of the film is lower at 457 nm, it is unlikely that the 
temperature in this case should reach the 400 °C required to cause thermal degradation. We 
therefore conclude that the effects attributed to photodegradation in Section 6.2.2 are initiated by 
photoexcitation rather than localised heating. 
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6.3 Fluorinated Polythiophenes 
One of the key advantages of organic molecular semiconductors is their chemical tuneability, 
whereby small structural modifications can be used to adjust their optoelectronic and material 
properties. Fluorination is one such strategy, which has been found to be particularly effective for 
improving the performance of conjugated polymers as active materials in transistor and photovoltaic 
devices.[44–47] Specifically, fluorine substitution tends to deepen both HOMO and LUMO energy 
levels, facilitating electron injection, improving stability to oxidation, and increasing the Voc of solar 
cells. Additionally, the fluorine atoms result in strong intermolecular interactions, which modify the 
molecular packing structure and typically enhance the π-stacking and charge mobility.[15] 
In this study we investigate the effect of polythiophene backbone fluorination on the polymer 
properties, with a particular focus on the molecular conformation. In this molecule we expect the 
sulphur and fluorine atoms on adjacent rings to form non-bonding interactions, which will act to 
planarise the molecular backbone. Raman spectroscopy provides an experimental means of testing 
this hypothesis by probing the effect of fluorination on the molecular conformation. We extend the 
study using in situ Raman spectroscopy to examine how this chemical modification affects the 
thermal behaviour of the polymer and its conformational stability at temperatures up to 300 °C. 
6.3.1 Molecular Conformation of Fluorinated Polymers 
The materials investigated in this study are based on poly(3-octylthiophene) (P3OT) and were 
provided by Heeney and co-workers. The chemical structures of P3OT and its fluorinated analogue, 
F-P3OT, are shown in Figure 6.13b (P3OT, Mn = 19 kg/mol, Mw = 26 kg/mol, regioregularity 95 %; 
F-P3OT, Mn = 23 kg/mol, Mw = 41 kg/mol, regioregularity 96 %). To address the low solubility of the 
fluorinated material, films of both polymers were prepared by spin coating from 5 mg/ml solutions 
in trichlorobenzene heated to 150 °C. 
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Figure 6.13 a) Thin film absorption spectra (normalised), and b) chemical structures, of P3OT and 
F-P3OT. 
The thin film absorption spectra of these materials are shown in Figure 6.13a. Both materials have 
similar spectra, with a broad absorption band in the region 400-650 nm and sub peaks showing a 
vibronic progression. However, F-P3OT shows a slightly blue-shifted (~ 20 nm) absorption onset, 
indicating a broadening of the energy gap resulting from the fluorine substitution. This agrees with 
theoretical studies and shows that the HOMO stabilisation is stronger than that of the LUMO.[48] The 
vibronic structure of F-P3OT also appears to be more sharply resolved suggesting that the 
fluorinated polymer has reduced energetic disorder in the thin film (see further discussion below). 
The molecular conformation is closely related to the vibrational modes of the polymer, so we study 
these in greater detail using Raman spectroscopy.  
 
Figure 6.14 a) Comparison of normalised Raman spectra measured for thin films of P3OT and F-P3OT 
using 785 nm excitation, and b) comparison of Raman activities of the corresponding molecular 
backbones calculated using DFT. 
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Figure 6.14 shows the Raman spectra of P3OT and F-P3OT thin films measured using 785 nm 
excitation. These are compared with DFT calculated Raman activities for polyalkylthiophene (P3AT) 
and fluorinated polyalkylthiophene (F-P3AT) backbone heptamers, with the side chains truncated to 
methyl groups. The strongest Raman modes for polythiophenes are the collective stretching modes 
of the conjugated backbone, which have energies in the range 1300-1600 cm-1. Both P3OT and 
F-P3OT show two Raman peaks in this range, for P3OT there is a smaller peak at 1380 cm-1 and a 
strong peak at 1445 cm-1, which are the C-C and C=C stretching modes of the thiophene ring 
respectively (see Section 2.4). For F-P3OT the strongest peak is at 1416 cm-1 and the second, slightly 
weaker, peak is at 1492 cm-1. It is not immediately obvious whether the Raman peaks in F-P3OT 
correspond with those in P3OT, so this was verified using DFT calculations to model the Raman 
active vibrational mode. These results (Figure 6.14b) accurately reproduce the P3OT spectrum, 
though include a splitting of the higher energy mode, which we attribute to the end chain effect 
arising from modelling a short polymer segment. This splitting is more dramatic for the calculation of 
the F-P3AT Raman activity, but nevertheless accurately predicts the observed shift of the Raman 
modes to higher energies and the increase in the relative intensity of the lower energy peak. In both 
cases, the two Raman peaks correspond with C-C and C=C stretching modes, though the 1416 cm-1 
peak in F-P3OT includes a stronger contribution from the inter-unit C-C bonds. These modes are 
illustrated in Figure 6.15. The FWHM of the C=C Raman peak corresponds closely with the 
distribution of molecular conformations in the sample and so the narrowing of this peak for F-P3OT 
(from 26.0 to 13.1 cm-1) indicates that the fluorinated polymer has a narrower conformational 
distribution. 
 
Figure 6.15 Diagrams illustrating the nature of the 1380 and 1445 cm-1 Raman modes in P3OT, and 
the 1416 and 1492 cm-1 modes in F-P3OT, as well as a molecular structure identifying bonds A, B, C, 
and D. 
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Table 6.3 DFT optimised geometry parameters for P3AT and F-P3AT (see Figure 6.15) 
Bond P3AT F-P3AT 
A - length (Å) 1.445 1.441 
B - length (Å) 1.444 1.441 
C - length (Å) 1.418 1.412 
D - length (Å) 1.382 1.380 
A – dihedral (°) 16.9 0.0 
B – dihedral (°) 11.0 0.0 
 
Comparison of the DFT optimised molecular geometries of the polymer backbones provides insight 
into the reasons for the observed differences in the Raman spectra of these two materials. The 
relevant bond lengths and dihedral angles are given in Table 6.3. These parameters clearly show that 
the fluorine substitution has a strong planarising effect on the conjugated backbone of the polymer, 
resulting in large reductions of the inter-unit bond dihedrals from 16.9 and 11.0° to 0.0°. This is 
accompanied by small reductions in the lengths of these bonds (1.445 and 1.444 to 1.441 Å), 
indicating an increase in their double bond character. Within the thiophene ring there are also slight 
reductions in the lengths of the C-C bond (from 1.416 to 1.412 Å), and the C=C bond (from 1.382 to 
1.380 Å). These effects indicate an overall increase in π-electron density on the conjugated bonds 
(perhaps due to mesomeric donation by the fluorine atom), and so are expected to indicate an 
increase in the effective force constants of the vibrational modes, which is manifested by an increase 
in the energies of the Raman peaks.[37] The consistency of the DFT optimised geometry with the 
experimental Raman spectra provides strong evidence for the hypothesis that the fluorine atom has 
a planarising effect on the polymer backbone, and so supports the suggested mechanism of a 
sulphur-fluorine interaction. 
These results show that the F-P3OT molecule has a more planar optimised geometry than P3OT, but 
further information regarding the distribution of torsional conformations can be obtained by 
considering the potential energy profile with respect to dihedral torsion. This is calculated for the 
two molecules by freezing the dihedral at different angles and optimising the geometry of the rest of 
the molecule. The results are shown in Figure 6.16a. 
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Figure 6.16 a) Potential energy calculated for torsions of the inter-unit bond from -180 to 180°, and 
b) population distribution of torsional conformations around the energy minimum calculated with a 
Boltzmann energy distribution at standard temperature. 
The potential energy profile is steeper around the minimum angle for F-P3AT than for P3AT and the 
rotational energy barrier is also stronger. By populating the region between the rotational barriers 
(± 90°) with a Boltzmann energy distribution at standard temperature, we obtain an indication of the 
distribution of torsional conformations within the sample (Figure 6.16b). The distribution for F-P3AT 
has its peak at 0° and a narrow distribution, whereas the P3AT has a broader and asymmetric shape 
with a peak around 20° but a relatively flat profile around ± 20°. This indicates not only that the 
fluorine substitution leads to increased backbone planarity, but also that it causes a narrowing of the 
conformational distribution i.e. the backbone is more rigid. This is consistent with the reduction in 
energetic disorder implied by Figure 6.13 and also the narrowing of the C=C Raman peak. 
6.3.2 In Situ Thermal Annealing 
The planarisation and rigidification of the polymer backbone resulting from the fluorine substitution 
is also expected to modify the thermal behaviour of the material. Differential scanning calorimetry 
(DSC) is an established technique for measuring phase transition temperatures and shows increases 
in both the melt (Tm) and crystallisation (Tc) temperatures of the fluorinated polymer (P3OT, 
Tm = 184, 191 °C, Tc = 152 °C; F-P3OT, Tm = 240, 252 °C, Tc = 212 °C) – see Figure 6.17. The double 
melting peaks in both cases may indicate that there are two polymorphs present in the film. 
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Figure 6.17 DSC results for powdered P3OT and F-P3OT (data from P. Boufflet). 
Raman spectroscopy provides a complementary, though less established, technique for probing the 
thermal behaviour of conjugated polymers, with the particular advantage of being a non-invasive 
probe and so being compatible with samples in device-like architectures. This is valuable because 
the material properties of the polymer are likely to depend on the layer thickness and interfacial 
properties.[39,49] Throughout this study we measure the Raman spectra using 785 nm excitation with 
the sample in a nitrogen-purged chamber. In each case, the sample was heated from 30 to 300 °C at 
10 °C/min and held at each 10 °C increment for 1 minute to measure the spectrum. After heating, 
the sample was held at 300 °C for 10 minutes before cooling at the same rate as before. The laser 
excitation spot was refocussed to compensate for thermal drift, and as a result the absolute 
scattering intensities cannot be robustly compared, though general trends are clear. 
Figure 6.18 shows a strong reduction in the intensity of Raman scattering with increasing 
temperature. Multiple factors could contribute to this effect: increased molecular mobility tends to 
reduce the effective conjugation length of the polymer, which causes a blue-shift in the absorption 
onset and so reduces any pre-resonant enhancement effect; the reduced conjugation length might 
also be expected to lead to localisation of the π-electron density and a reduction in Raman cross 
section; and increased temperature will reduce the population of the ground vibrational state and so 
reduce the Stokes Raman intensity.[50]  
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Figure 6.18 Raman spectra of P3OT measured with 785 nm excitation a) during heating from 30 to 
300 °C, b) as a) but normalised to the C=C peak, and c) during cooling from 300 to 30 °C. 
The changes in the Raman spectrum are more readily seen by normalising the spectra to the 
strongest C=C peak, as in Figure 6.18b. Here we see that the 1380 cm-1 peak shows a decrease in 
relative intensity and a shift to lower energy with increasing temperature. Both of these effects are 
indicative of a reduction in molecular planarity for polythiophenes, and so reveal that the thermally 
excited molecules have reduced intramolecular order. Between 260 and 270 °C we observe a 
dramatic change in the Raman spectrum: the 1380 C-C peak drops in relative intensity and the C=C 
peak shifts from 1445 to 1470 cm-1. The increase in noise indicates a sharp loss in overall Raman 
scattering intensity too. In fact, the apparent shift in the C=C peak is more likely to indicate a change 
in the relative intensities of two contributions centred around 1445 and 1470 cm-1, which have been 
identified previously as an ‘ordered phase’ like regioregular P3HT and a ‘disordered phase’ like 
regiorandom P3HT.[37] Using this model, we conclude that the sample contains an ordered, planar 
phase and a disordered, non-planar phase where the proportion of the ordered phase decreases 
with temperature. The disordered contribution is visible but small at around 200 °C, and grows, 
leading to a sharp transition at 260-270 °C. Since Raman spectroscopy is primarily sensitive to 
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intramolecular order, and this appears to relate most directly to the planarity of the molecules, we 
suggest that the observed transition is likely to represent the rotational energetic barrier or a 
temperature at which intermolecular packing ceases to constrain free rotation. We note that this 
transition temperature is significantly higher than the melt transition measured with DSC, so seems 
to represent a distinct effect. Upon cooling, the reverse trends are observed, except that the main 
transition occurs less sharply over the range 270-240 °C, which shows that no significant non-
reversible degradation has occurred. 
 
Figure 6.19 Raman spectra of F-P3OT measured with 785 nm excitation a) during heating from 30 to 
300 °C, b) as a) but normalised to the C=C peak, and c) during cooling from 300 to 30 °C. 
The corresponding results for the same experiment using F-P3OT are shown in Figure 6.19. For the 
fluorinated polymer we observe a reduced overall temperature dependence, with much less loss of 
Raman scattering intensity and no sharp transitions. The normalised spectra show that the C-C peak 
shifts to lower energy and reduces in relative intensity, similarly to P3OT. However, the C=C peak 
also shifts towards lower energy, which is the opposite trend to P3OT. The change in the C-C peak 
again suggests a reduction in molecular planarity at increased temperature, but the reduction in 
energy of the C=C peak indicates that there is another effect at work. Generally, shifts in vibrational 
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modes to lower energy at high temperatures are attributed to anharmonicity, which would explain 
this effect, though the absence of such a shift in P3OT requires explanation too – we suggest that the 
anharmonicity effect in P3OT may be masked by the presence of a broader conformational 
distribution, as evidenced by the increased width of the C=C peak.[51] 
 
Figure 6.20 Normalised Raman spectra measured with 785 nm excitation at 30 °C before and after 
heating to 300 °C and cooling a) P3OT, and b) F-P3OT. 
Unlike P3OT, F-P3OT shows no sharp transitions in the Raman spectrum over the temperature range 
considered, which is consistent with the previous observation that the energetic rotational barrier is 
higher for the fluorinated backbone. The increased conformational stability of the fluorinated 
polymer is clearly demonstrated by comparing the Raman spectra measured before and after 
heating to 300 °C and cooling back to 30 °C, which are shown in Figure 6.20. The clearest change in 
the P3OT spectrum caused by this thermal treatment is a narrowing of both the C-C and C=C peaks 
accompanied by a small shift in the C=C peak by ~ 2 cm-1 towards lower energy, all of which indicate 
an increase in overall molecular planarity and a narrower conformational distribution, as expected 
for a thermal annealing process.[37] By contrast, the spectrum of F-P3OT shows no measurable 
change resulting from the same thermal treatment.  
6.4 Conclusions 
In this Chapter we have made use of the unique capabilities of Raman spectroscopy to carry out in 
situ investigations of the responses of conjugated polymer films to various photoexcitation and 
thermal conditions.  
Our study on the photostability of DPP-based copolymers demonstrated that these materials show 
radically different behaviour under photoexcitation with different wavelengths. The polymer was 
chemically stable under intense excitation in the main, low energy absorption band, whereas it 
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degraded much more readily under excitation in the high energy band. The changes in the Raman 
spectrum monitored during photodegradation identified the donor (selenophene) unit as the 
primary degradation site. Using resonant Raman spectroscopy we identified the low energy 
optically-active electronic transition as having charge transfer character localised on the DPP unit, 
whilst the high energy transition has π-π* character delocalised along the conjugated backbone and 
particularly coupled to the donor unit. We suggest that the photoexcitation of this vulnerable unit is 
a significant cause for the degradation of this material, which should be addressed in order to 
improve stability. 
This Chapter also considered the use of polythiophene backbone fluorination and demonstrated that 
it has a strong planarising influence leading, not only to highly coplanar molecules but also to an 
increased rigidity and a narrower torsional population distribution. As a result, the fluorinated 
polymer showed much greater stability against conformational change at temperatures up to 300 °C. 
These techniques are broadly applicable to a wide range of fundamental studies of conjugated 
polymers, but have particular relevance to the increasingly pressing questions regarding stability and 
degradation of organic electronic devices.  
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Chapter 7  
Chemical Design of Donor-Acceptor 
Copolymers for Polymer/Fullerene Blends 
We investigate the use of chemical modifications of donor-acceptor copolymers in order to tune their 
optoelectronic and morphological properties. Specifically, we consider differences in alkyl side chain 
branching, fluorination of the donor unit, and systematic heavy atom substitution at different 
positions in both donor and acceptor units of a copolymer. Making use of combined experimental 
and theoretical techniques, we probe the effects of these substitutions on the molecular energy 
levels, absorption transitions, molecular planarity, thin film molecular packing, blend film 
morphology, charge transport, and photovoltaic device performance. This study provides insights 
into the origins of the donor-acceptor copolymer optoelectronic properties, revealing a complex 
interplay between multiple factors. Based on these results, we are able to suggest various chemical 
design rules, which are likely to have broad applicability to other donor-acceptor copolymers. In 
particular, the pairing of a strong acceptor unit with a weak donor results in a low π-electron density 
on the conjugated backbone and is particularly detrimental to light harvesting and charge transport. 
 
The work in this Chapter was carried out in collaboration with Do-Hoon Hwang and co-workers at 
Pusan National University, who synthesised the polymers, performed cyclic voltammetry, and 
measured device performance characteristics. 2D grazing incidence X-ray diffraction measurements 
were carried out at the Pohang Accelerator Laboratory. Some results in this Chapter have been 
published, and the rest are currently in preparation for publication.[1-3]  
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7.1 Motivation and Aim 
The importance of donor-acceptor (D-A) copolymers for a wide range of applications was discussed 
in Section 6.1. In this Chapter we focus specifically on their use in polymer/fullerene blend 
photovoltaics, where D-A copolymers have consistently yielded highly efficient devices.[4,5] The 
performance of these solar cells is strongly dependent on a range of interrelated factors, and small 
adjustments in the chemical structure of the polymer have been identified as a key route to tuning 
the optical, chemical, electronic, and morphological properties of the resulting thin film.[6–8] Here we 
undertake systematic studies to investigate the effects of various side group changes and heavy 
atom substitutions, with a particular focus on the morphological impact. 
Benzodithiophene-based copolymers have emerged as a promising set of materials, which we 
consider in Section 7.2.[9,10] In this study we investigate the effects of changing the branching 
symmetry of the alkyl side chain and fluorination of the acceptor unit, both of which have previously 
been identified as important factors for optimising the device performance.[11–15] The aim was to 
identify how these factors affect the conformation of the molecule, and to relate this to the thin film 
morphology and photovoltaic performance of the polymer/fullerene blend. 
The second part of this Chapter (Section 7.3) explores the effects of heavy atom substitution on the 
optoelectronic and morphological properties of simple D-A copolymers. Atomic substitutions are a 
well-known method for tuning the energy levels of conjugated polymers, but it is increasingly 
apparent that their impact on the material properties is more complex.[6,8,16–20] In this study, we 
conduct a systematic investigation of sulphur/selenium substitutions at different positions in a D-A 
copolymer in order to understand how this relates to the resulting solar cell performance. 
In both parts of this Chapter we aim to suggest chemical design rules for developing new materials 
based on the relationships discovered. 
7.2 Molecular Conformation of Benzodithiophene-Benzotriazole Copolymers 
The benzodithiophene (BDT) unit with its planar, fused-ring structure is an important electron 
donating unit for photovoltaic devices.[21] Here we consider this unit with the addition of two 
triisopropylsilylethynyl (TIPS) side groups, which has been shown to deepen the HOMO energy level, 
increase the device Voc, and improve charge transport.
[1,22] Benzotriazole (BTz), with bridging 
thiophene (T) units, is employed as the electron accepting unit since the solubilising side chains can 
be attached to the triazole part, which minimises steric hindrance and gives good backbone 
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planarity.[11,23] For these reasons, the copolymer comprising these units is expected to yield good 
photovoltaic performance.  
It is widely appreciated that the choice of side groups on conjugated polymers has a strong impact 
on the performance of thin film optoelectronic devices, but the mechanisms of these effects are not 
clearly understood. Side groups are known to control the quality of intermolecular packing, the 
molecular packing distances, and phase segregation, but this work seeks to understand the 
mechanisms by which chemical modifications result in these morphological effects.[12–15,24] 
7.2.1 Alkyl Side Chain Branching Symmetry and Fluorination 
This work considers two specific chemical modifications: firstly, comparing two different branched 
alkyl side chains with symmetric and asymmetric branching, and secondly, substitution of the 
hydrogen atoms on the BTz unit with fluorine. Both of these factors have been demonstrated, in 
similar situations, to have strong effects on the thin film morphology resulting in substantial 
improvements in device efficiency.[11–15] 
Three materials based on poly{4,8-bis[(triisopropylsilyl)ethynyl]benzo[1,2-b:4,5-b’]-dithiophene-alt-
2-(heptadecan-9-yl)-4,7-bis(thiophene-2-yl)-2H-benzo[d][1,2,3]triazole} (S-PBDTBTz) are compared. 
All of them have a BDT donor with bulky TIPS side groups and a BTz acceptor with bridging T rings. 
The structures and nomenclature are compared in Figure 7.1: S-PBDTBTz has the symmetrically 
branched side chains and no fluorination, A-PBDTBTz has the asymmetrically branched side chain 
and no fluorination, and F-PBDTBTz has the symmetrically branched side chains and is fluorinated. 
 
Figure 7.1 Chemical structures and nomenclature of S-PBDTBTz, A-PBDTBTz, and F-PBDTBTz. 
Synthesis of these materials was described previously.[1] Molecular weight (Mn), and polydispersity 
index (PDI) were as follows: S-PDBTBTz, Mn = 23 kg/mol, PDI = 2.5; A-PBDTBTz, Mn = 15 kg/mol, 
PDI = 2.7; F-PBDTBTz, Mn = 20 kg/mol, PDI = 2.5. Phenyl-C71-butyric acid methyl ester (PC71BM) was 
received from EM-index for photovoltaic device measurements. Neat films were prepared from 
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10 mg/ml chlorobenzene (CB) solution and blends were prepared in a 1:1 weight ratio with a total 
concentration of 17 mg/ml. Film thicknesses were 80-100 nm. For optimised devices, 
1,8-diiodooctane (DIO) additive was added at 3 % by volume to make a CB/DIO mixed solvent. Other 
device preparation conditions were as described in Chapter 3.  
In order to understand the effects of these chemical substitutions, we make use of Raman 
spectroscopy as an experimental probe for differences in the conformation of the conjugated 
polymer backbone, in conjunction with DFT calculations. By comparing these results with 
complementary measurements, including AFM, absorption spectroscopy, and electronic device 
characterisation, we can relate the chemical changes to the photovoltaic performance.[20,25–28] 
Field effect transistor devices were prepared as described elsewhere, in a bottom contact 
architecture with 12 μm channel length. Source and drain contacts were made from 100 nm thick 
gold with a 300 nm SiO2 dielectric layer, pre-treated with 10 mM octyltrichlorosilane in toluene.
[1,23] 
Raman spectra were measured with 785 nm excitation at 100 mW for a 60 s exposure. 
7.2.2 Molecular Structure and Conformation 
These materials all have similar conjugated backbones so are expected to have comparable 
optoelectronic properties, such that the differences can be attributed to effects of the side group 
substitutions. The thin film absorption and PL spectra of these polymers are compared in Figure 7.2. 
 
Figure 7.2 Normalised thin film absorption and PL spectra (500 nm excitation) of S-PBDTBTz, 
A-PBDTBTz, and F-PBDTBTz. 
All three materials have a main absorption band in the range 450-650 nm with clear vibronic peaks 
around 586 and 544 nm, and the absorption onsets are all within the range 1.9-2.0 eV. The first 
absorption peak of F-PBDTBTz is slightly blue-shifted with respect to the others (580 vs. 586 nm), 
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which suggests a small increase in energy gap resulting from fluorination, though this is not clear 
from the absorption onsets. The relative strength of this first absorption peak is also higher for 
F-PBDTBTz than for the others, indicating that this polymer exhibits a higher degree of 
intramolecular order.[1] The PL spectra each show clear evidence of two contributions with emission 
peaks at around 625 and 690 nm, but, the higher energy emission overlaps with the absorption band 
and so the reabsorption effect makes it difficult to draw unambiguous conclusions. In order to make 
a more detailed analysis of the molecular structures and conformations we make use of Raman 
spectroscopy.  
 
Figure 7.3 Raman spectra (785 nm excitation) of neat polymer films, normalised to 1485 cm-1 peak, 
comparing a) S-PBDTBTz and A-PBDTBTz, and b) S-PBDTBTz and F-PBDTBTz. Showing assignments of 
bands to particular conjugated units. 
Figure 7.3 compares the thin film Raman spectra (measured under non-resonant, 785 nm excitation) 
of the different material samples. The spectral region of interest is 1350-1600 cm-1, where the 
strongly Raman-active modes correspond with collective stretching modes of the conjugated 
polymer backbone.[29] Since the conjugated units are the same in each material the variation in the 
energies and relative intensities of these peaks relates to structural and conformational differences. 
The identities of the observed peaks are assigned to particular vibrational modes using a 
combination of DFT calculations (see Section 3.6) and comparison with published spectra of similar 
materials.[1] The simulated and experimental Raman spectra are compared in Figure 7.4 based on a 
geometry optimised D-A-D-A-D segment of the PBDTBTz and F-PBDTBTz polymer backbones, with 
the side chains truncated to methyl groups.  
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Figure 7.4 Comparison of simulated (DFT) and experimental Raman spectra for a) PDBTBTz, and 
b) F-PBDTBTz. 
These calculations readily identify the peaks in the range 1350-1500 cm-1, but the modes in the 
1500-1600 cm-1 region are various stretching modes of the benzene rings in the BDT and BTz units, 
which are harder to distinguish. The 1546 and 1552 cm-1 modes have been identified previously and 
are similar to the better known benzothiadiazole ring stretching mode, and so the other two modes 
in this region are assigned to the predicted BDT modes.[1] Table 7.1 lists the peak positions and 
assignments of the Raman-active vibrational modes observed in these spectra. The modes are also 
labelled in Figure 7.3 according to the units on which they are primarily localised. 
Table 7.1 Observed Raman peak positions (cm-1) and vibrational mode assignments. 
S-PBDTBTz A-PBDTBTz F-PBDTBTz Unit Description 
1410 1410 1393 BTz C-C stretch 
1440 1440 1439 T C=C stretch (delocalised) 
1454 1454 1454 T C=C stretch (localised) 
1485 1485 1484 BDT Fused thiophene C=C 
1531 1531 1529 BDT Benzene ring stretch 
1546 1546 1545 BTz BTz ring stretch (delocalised) 
1552 1551 1551 BTz BTz ring stretch (localised) 
1575 1575 1575 BDT Benzene ring stretch 
 
The lowest energy peak (1410 cm-1 in S-PBDTBTz and A-PBDTBTz, but 1393 cm-1 in F-PBDTBTz) is 
assigned to the BTz unit and is particularly associated with the C-C bond furthest from the triazole. 
The strongest Raman band in each material is in the range 1425-1470 cm-1 containing two 
contributions, which are both symmetric C=C stretches on the T unit, where the higher energy mode 
(1454 cm-1) is more localised on a single ring than the lower energy (1440 cm-1) one. The peak at 
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1485 cm-1 is an analogous mode but located on the fused thiophene rings in the BDT unit. The BDT 
unit also has two benzene ring stretching modes at 1531 and 1575 cm-1, which are particularly 
associated with the C-C bonds adjacent to the site of the TIPS group attachment. The two modes at 
1546 and 1552 cm-1 are ring stretches of the BTz benzene ring, where the former shows a greater 
degree of delocalisation onto the other conjugated backbone units. The modes pertinent to this 
study are illustrated in Figure 7.5. 
 
Figure 7.5 Illustration of strongly Raman-active vibrational modes corresponding with the intensity 
ratios given in Table 7.2. 
Based on the assignments of the observed Raman peaks in Figure 7.3, we can understand the 
structural effects of the chemical substitutions. The only peak showing a significant shift in spectral 
position is the 1410 cm-1 peak, which shifts to 1393 cm-1 after fluorine substitution, indicating a 
reduction in the effective force constant for this mode localised on the BTz ring. Along with the 
reduction in relative intensity, this indicates a reduction in the π-electron density on this ring and an 
increase in the bond lengths, which we attribute to the electron withdrawing effect of the fluorine 
atoms. (This is consistent with the DFT calculations of the optimised geometries described below.) 
The other differences in the observed spectra relate to the relative intensities of various peaks. 
Specifically, comparing S-PBDTBTz and A-PBDTBTz shows that the asymmetrically branched side 
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chain leads to clear increases of the 1410 and 1454 cm-1 relative to the 1485 cm-1 peak, as well as 
smaller increases in the 1530-1580 cm-1 peaks. In the case of F-PBDTBTz, the 1393 (1410) cm-1 mode 
has a reduced relative intensity, but the 1440 and 1520-1580 cm-1 modes have increased intensity 
relative to the 1485 cm-1 peak. The relative contributions of the 1546 and 1552 cm-1 modes also vary 
but are difficult to separate. In order to quantify these changes in relative peak intensity ratios, we 
fit the measured spectra with a series of Lorentzian peaks with fixed positions (except the 
1410/1393 cm-1 peak) and a constant peak width. The integrated areas of these Lorentzian 
contributions were then used to calculate the peak intensity ratios given in Table 7.2. Raman mode 
cross sections are closely related to the extent of π-electron delocalisation, so these peak ratios are 
particularly sensitive to torsions of the polymer backbone which disrupt the conjugation.[30–34] 
Table 7.2 Peak intensity ratios measured from Raman spectra in Figure 7.3. 
Polymer I1454/I1440 I1485/I1531 I1485/I1575 I1546/I1552 
S-PBDTBTz 0.16 ± 0.01 3.0 ± 0.1 4.8 ± 0.5 1.00 ± 0.05 
A-PBDTBTz 0.35 ± 0.01 2.8 ± 0.1 3.3 ± 0.2 1.05 ± 0.04 
F-PBDTBTz 0.15 ± 0.01 1.8 ± 0.1 2.8 ± 0.2 1.32 ± 0.05 
 
The modes at 1440 and 1454 cm-1 are symmetric C=C ring stretches on the T unit, and are well-
known from studies of polythiophenes.[25,35] The lower energy contribution originates from highly 
planar parts of the polymer with long effective conjugation lengths, whereas the higher energy 
contribution comes from parts with more disrupted conjugation. In the DFT calculation (Figure 7.5) 
these two components correspond with delocalised and localised vibrational modes. As a result, the 
intensity ratio of these components, I1454/I1440 can provide a measure of overall backbone planarity, 
where high values indicate a high level of torsion. We find that both S-PBDTBTz and F-PBDTBTz give 
similar values of 0.16 and 0.15 ± 0.01, whereas A-PBDTBTz has 0.35 ± 0.01. This clearly indicates that 
the asymmetrically branched side chain causes a localisation of π-electron density on the T unit, 
indicating a reduction in polymer backbone coplanarity relative to the other materials. However, 
since the T unit is bonded to both the donor and acceptor units, we cannot readily distinguish in this 
way whether this torsion relates to the BDT-T or BTz-T bonds. 
In order to probe the BDT-T bond dihedral specifically, we consider the three vibrational modes 
related to the BDT unit: 1485, 1531, and 1575 cm-1. As Figure 7.5 shows, the 1485 cm-1 mode is 
relatively delocalised with contributions on the bridging T units as well as the fused thiophene in the 
BDT unit, whereas the 1531 and 1575 cm-1 modes are more strongly localised on the benzene ring in 
the centre of the BDT unit. We therefore expect that the 1485 cm-1 mode would be more sensitive to 
an increase in torsion of the BDT-T bond than the 1531 and 1575 cm-1 modes, hence any decrease in 
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the peak intensity ratios I1485/I1531 and I1485/I1575 would indicate an increase in the BDT-T dihedral. 
Both of these ratios show the same trend (see Table 7.2) with the highest values for S-PBDTBTz (3.0 
and 4.8), an intermediate value for A-PBDTBTz (2.8 and 3.3), and the lowest value for F-PBDTBTz (1.8 
and 2.8). This reveals that the BDT-T bond is most planar for S-PBDTBTz, but that both the 
substitution of the asymmetrically branched side chain and (more strongly) fluorination lead to 
increased torsion of this bond. 
The BTz-T bond is probed in a similar manner using the ratio I1546/I1552, where the 1546 cm
-1 and 
1552 cm-1 modes are both BTz ring stretch modes but the latter shows a high degree of 
delocalisation along the polymer backbone. Increased torsion of the BTz-T bond is therefore 
expected to quench the intensity of the 1546 cm-1 mode more strongly and so reduce the value of 
this ratio. For S-PBDTBTz and A-PBDTBTz, we detect no change in this value (1.00-1.05), but for 
F-PBDTBTz it increases to 1.32, revealing that this bond is planarised by fluorination of the BTz unit. 
One way of verifying the validity of this analysis based on peak intensity ratios is by calculating 
Raman activity spectra using DFT for molecules with frozen dihedral angles in different positions (but 
the structure otherwise optimised). These results are given in Figure 7.6 and support the discussion 
above, showing that increased BDT-T dihedral leads to increases in the BDT modes marked by 
arrows i.e. I1485/I1531 and I1485/I1575 decrease, which does not occur when the BTz-T dihedral is 
increased. In both cases the low energy component of the T modes decreases relative to the higher 
energy component i.e. I1454/I1440 increases. The change in I1546/I1552 is not reproduced because the 
DFT calculation does not clearly distinguish these two peaks. 
 
Figure 7.6 DFT calculated Raman activity spectra normalised to 1485 cm-1 peak showing effects of 
a) BDT-T, and b) BTz-T bond dihedral angle on the relative peak intensities. 
The conclusions of this analysis are summarised in Figure 7.7. Substituting the symmetrically 
branched side chain for the asymmetric one leads to an increase in torsion of the BDT-T bond, but 
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the BTz-T bond is unaffected. We suggest that the asymmetric branching results in a stronger steric 
hindrance with respect to the bulky TIPS groups on the BDT unit, but the absence of side chains on 
the bridging T unit means that there is no torsion exerted on the BTz-T bond. On the other hand, 
fluorination of the BTz unit reduces the π-electron density on the benzene ring, leading to an 
increase in the C-C bond length and also leading to a planarisation of the BTz-T bond. A similar 
planarising effect has elsewhere been attributed to a sulphur-fluorine interaction across this 
bond.[11,13] We speculate that the measured increase in the BDT-T dihedral in this case arises because 
the overall steric hindrance between the branched alkyl side chain and the TIPS units is unchanged, 
so the BDT-T bond dihedral must increase to accommodate the planarisation of the BTz-T bond. 
 
Figure 7.7 Diagrams indicating conformational effects resulting from a) substitution of the 
asymmetrically branched alkyl side chain, and b) fluorination of the BTz unit. 
The effects attributed to the fluorine substitution are also supported by DFT geometry calculations, 
which show that the BTz-T dihedral decreases from 1.4° in PBDTBTz to 0.5° in F-PBDTBTz, and that 
the BDT-T dihedral increases from 9.3 to 11.6°. Similarly, the C-C bond in the BTz unit furthest from 
the triazole moiety (corresponding with the 1410/1393 cm-1 Raman peak) increases in length from 
1.408 to 1.414 Å. These DFT calculations do not include the alkyl side chains, so it is not possible to 
make a similar comparison regarding the effects of the side chain branching symmetry. 
7.2.3 Charge Transport and Device Performance 
Modifications to the polymer backbone planarity often affect the intermolecular packing, which 
controls the charge transport properties of the materials in thin film devices. It is therefore valuable 
to relate the above observations regarding the molecular conformations to the charge mobilities and 
thin film morphology.  
The simplest thin film device is a transistor using a neat polymer film as the active layer. The charge 
carrier mobility in this case does not relate directly to the blend film used in photovoltaic devices but 
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does provide an indication of the intermolecular packing. Hole mobilities measured in the saturation 
regime, using the gradual channel approximation, give comparable values for S-PBDTBTz and 
F-PBDTBTz (3.8 × 10-3 and 2.4 × 10-3 cm2/Vs respectively) implying qualitatively similar molecular 
packing in each case.[1,36] In contrast, the hole mobility measured for A-PBDTBTz is an order of 
magnitude lower, at 1.0 × 10-4 cm2/Vs. Since both S-PBDTBTz and A-PBDTBTz have identical 
conjugated backbones, the poorer hole transport here must be due to a change in the solid state 
molecular packing resulting from the difference in side chains. The poor hole transport in A-PBDTBTz 
correlates with the increase in BDT-T bond dihedral discussed above, which would be expected to 
hinder ordered co-facial packing of polymer chains. 
Polymer/fullerene blend films, as used for photovoltaic devices, present a more complex thin film 
morphology, since the interactions between the two materials must also be considered. Here we 
examine polymer:PC71BM blends deposited from solutions with CB as the solvent and using the DIO 
additive. Raman spectra for the blends were the same as for neat films (hence are not shown), and 
so reveal that no significant differences in the polymer conformation arise from blend interactions. 
However, AFM images mapping the surface topography of these blend films provide an effective 
means of probing the domains formed in each case, and these are shown in Figure 7.8. 
 
Figure 7.8 AFM surface topography images for polymer:PC71BM blend films of (left to right) 
S-PBDTBTz, A-PBDTBTz, and F-PBDTBTz deposited using (top) CB, and (bottom) CB/DIO, as the 
solvent. 
In the blend films without the DIO additive, all three polymer:PC71BM blends give similar AFM 
images showing large (200-400 nm diameter) round domains, which are elsewhere identified as 
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PC71BM rich regions within a polymer matrix.
[37] In S-PBDTBTz the domains appear more densely 
packed than for A-PBDTBTz and F-PBDTBTz, but in each case, if these domains are pure, they are too 
large for efficient exciton quenching assuming an exciton diffusion length around 10 nm (see Section 
5.2.4). The AFM images for blend films with the DIO solution additive show much smaller domains 
with less distinct boundaries. These would be expected to improve the exciton quenching efficiency 
and suggest that the DIO additive encourages phase segregation on a smaller length scale, which is 
favourable for photocurrent generation. The device performance parameters for the optimised 
photovoltaic devices based on these polymer:PC71BM films deposited from CB and CB/DIO solutions 
are given in Table 7.3. 
The PCEs of the optimised devices clearly show that both of the modifications to S-PBDTBTz 
considered here are detrimental to the photovoltaic performance (A-PBDTBTz and F-PBDTBTz give 
3.2 and 2.7 % compared to 5.5 % for S-PBDTBTz).  
Comparing the device performances of S-PBDTBTz and A-PBDTBTz devices without the DIO additive, 
we see that A-PBDTBTz has the higher PCE and Jsc but lower FF and Voc. Low Voc and FF values 
indicate inefficient extraction of charge from the device, but a higher Jsc value for A-PBDTBTz 
suggests that more charge is being generated than in S-PBDTBTz. Regions of disordered polymer 
have been identified as playing an important role in charge generation and so we suggest that the 
asymmetric alkyl side chain here may encourage this by disrupting the polymer packing and forming 
more intermixed regions.[38] This more disordered morphology would have an adverse effect on hole 
mobility (as measured above) making charge extraction in A-PBDTBTz less efficient than in 
S-PBDTBTz. For both A-PBDTBTz and S-PBDTBTz, the DIO additive results in increased Jsc and FF, 
leading to enhanced efficiency, but this effect is much stronger in S-PBDTBTz. The AFM results above 
show that DIO leads to phase segregation on a smaller scale, which is likely to favour charge 
generation and we suggest that this has a greater impact on S-PBDTBTz blends because A-PBDTBTz 
already has efficient charge generation without the additive. 
Table 7.3 Optimised photovoltaic device performance parameters for polymer:PC71BM blend films 
with and without the DIO additive. 
Polymer DIO Voc (V)
 
Jsc (mA/cm
2
) FF PCE (%) 
S-PBDTBTz 
No 0.85 5.5 0.44 2.0 
Yes 0.80 12.7 0.55 5.5 
A-PBDTBTz 
No 0.73 8.3 0.38 2.3 
Yes 0.72 10.3 0.43 3.2 
F-PBDTBTz 
No 0.85 3.5 0.38 1.1 
Yes 0.89 8.2 0.36 2.7 
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The performance of the optimised F-PBDTBTz devices is poor compared with S-PBDTBTz, due to low 
Jsc and FF values. Voc for the fluorinated polymer is relatively high (up to 0.89 V), which we associate 
with the HOMO deepening effect of the fluorine substitution in addition to the effect of the TIPS 
group reported previously.[1] The low efficiency of F-PBDTBTz contrasts with that reported by Price et 
al. showing a large performance enhancement resulting from fluorination of a similar material.[11] 
The main difference in our case is the presence of the TIPS units on the BDT, which appears to result 
in an increased torsion of the BDT-T bond in the fluorinated molecule, but the bulky TIPS units may 
also affect the interaction between the polymer backbone and neighbouring fullerene molecules. 
Low Jsc and FF values for F-PBDTBTz suggest that charge generation and extraction are inefficient 
compared with S-PBDTBTz, though the measured transistor hole mobilities are similar. This indicates 
that the problem is related to the domain structure and molecular interactions in the blend. It has 
been suggested that the fluorine substitution can cause a fullerene repulsion, which, in combination 
with the bulky TIPS groups in F-PBDTBTz, might be expected to result in increased fullerene-polymer 
molecular separation, and so could explain the poor photocurrent generation.[11]   
7.3 Tuning Molecular Properties Using Heavy Atom Substitution 
Whilst many different D-A copolymers have been synthesised with a broad range of optoelectronic 
properties, there remains considerable uncertainty regarding the mechanism by which these effects 
arise.[39–43] Increasingly, it has become apparent that small changes (substitution of a single atom) in 
chemical structures have much more widespread implications than simply tuning energy 
levels.[5,8,16-19]  
It is generally agreed that selenium substitution in either the donor or acceptor unit results in a 
reduced optical energy gap, though reports conflict on how the frontier energy levels are separately 
affected.[8,16,18,44–49] These effects appear to depend on the specific chemical structures of both the 
donor and acceptor units, and so it remains a challenge to understand in a general way how the 
heavy atom substitutions relate to the optoelectronic properties of the copolymer. Due to the 
complexity of these materials and the limitless possible variations we limit ourselves to a simple 
series based on an alternating copolymer of two well-known units: thiophene as the electron donor, 
and benzothiadiazole as the electron acceptor. We make use of Raman spectroscopy, in conjunction 
with DFT calculations, to provide a powerful means of probing the changes in electron density and 
chemical structure resulting from the atomic substitution. This enables us to understand how these 
factors relate to the observed optoelectronic properties of interest for thin film device applications. 
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7.3.1 Specific Experimental Details 
The chemical structures and nomenclature of the D-A copolymer series used in this study are given 
in Figure 7.9. All four materials are based on an alternating copolymer of thiophene and 
benzothiadiazole units, with two alkoxy side chains bonded to the acceptor to provide solubility. The 
series comprises all four permutations of sulphur/selenium substitutions in the donor and/or 
acceptor unit in order to systematically explore these effects. 
 
Figure 7.9 Chemical structures of the copolymer series with different sulphur/selenium 
substitutions: PSBS, PSBSe, PSeBS, and PSeBSe. 
Materials were received from D.-H. Hwang and co-workers with the following molecular weights and 
polydispersities: PSBS, Mn = 20 kg/mol, PDI = 1.6; PSBSe, Mn = 18 kg/mol, PDI = 1.2; PSeBS, 
Mn = 19 kg/mol, PDI = 1.5; PSeBSe, Mn = 12 kg/mol, PDI = 2.5. The lower molecular weights of the 
selenium containing polymers arose from their poor solubility. Since selenium is a heavier atom than 
sulphur, these differences represent a large variation in the average number of repeat units for each 
material, which must be borne in mind throughout the comparison of results. Phenyl-C71-butyric acid 
methyl ester (PC71BM) was received from EM-index. Polymer films were deposited from 
chlorobenzene to a thickness of 60 ± 10 nm. Transistor devices were prepared as described in 
Section 7.2.1. Photovoltaic devices were prepared with the structure: 
glass/ITO/PEDOT:PSS/polymer:PC71BM/LiF/Al. The optimised devices had an active layer thickness of 
100 ± 10 nm with a 1:2 polymer:fullerene ratio by weight (1:3 for PSBSe) using the DIO additive (3 % 
by volume) and annealing at 100 °C after deposition of LiF (1 nm) and Al (100 nm) electrodes. 
Raman spectra were measured using 785 nm excitation (130 mW, 50 s exposure). DFT calculations 
were carried out on D-A-D-A-D polymer segments with the alkyl chains truncated to methyl groups, 
and the B3PW91 hybrid functional was used with the 6-311G(2df,p) basis set, since these have been 
found to give accurate results for organoselenium compounds.[50] 
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Cyclic voltammetry was performed with a CH Instruments electrochemical analyser using acetonitrile 
solutions containing tetrabutylammonium tetrafluoroborate (0.1 M) as the electrolyte. The 
reference electrode was Ag/AgMO3, and platinum was used for the counter electrode and working 
electrode. 2D grazing incidence X-ray diffraction (GIXRD) measurements were performed on beam 
line 9A of the Pohang Accelerator Laboratory with 1.1010 Å wavelength X-rays. The incident angle 
was 0.15° to permit complete penetration of the polymer film. 
7.3.2 Optical Properties and Energy Levels 
Thin film absorption spectra for all four polymers are given in Figure 7.10. Each of these materials 
has a two clear absorption bands within the measured range: a low energy band at 450-800 nm and 
a high energy band around 300-450 nm. This type of absorption spectrum is characteristic of D-A 
copolymers, where the low energy band has been described as having partial intramolecular charge 
transfer character and the high energy band has strongly π-π* character.[19,39,51,52] The absorption 
coefficients for the four polymers at the top of the 450-800 nm absorption bands are calculated as: 
PSBS, 1.47; PSBSe, 1.24; PSeBS, 1.33; PSeBSe, 1.37 × 105 cm-1, though the accuracy of these values is 
limited by the unquantified non-uniformity of the film thickness. 
 
Figure 7.10 Thin film absorption spectra for the copolymers normalised to the 300-450 nm 
absorption peak. 
The spectral positions of the absorption onsets for these four materials indicate the impacts of the 
various selenium substitutions on the optical energy gap. In this case, we observe no difference in 
the onsets for PSBS and PSBSe, whereas there is a small shift for PSeBS and a large shift for PSeBSe, 
indicating a significant narrowing of the energy gap. The overall effect is clearly that the selenium 
substitutions in both the donor and acceptor units result in a narrowing of the energy gap (especially 
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for PSeBSe when both units are substituted). The lack of a measurable change in the absorption 
onset for PSBSe is attributed to conformational or thin film effects, which counter the energy gap 
narrowing (discussed further below). The high energy absorption band also shows similar spectral 
position shifts, which indicate that the atomic substitutions affect the electronic distribution along 
the whole conjugated backbone, where the π-π* transition resides. 
The spectra in Figure 7.10 are normalised to the high energy absorption peak, which reveals a strong 
variation in the relative strengths of the two absorption bands. The oscillator strengths of electronic 
transitions are dependent on the overlap integral of the ground and excited state molecular orbitals, 
and so the changes in relative absorption peak strengths observed here can be interpreted in this 
way. Variations in the oscillator strengths of the two absorption transitions arise from differences in 
the overlaps of the relevant molecular orbitals.[8] Based on our identification of the absorption 
transitions, we would expect the high energy (π-π*) absorption strength to be strongly dependent 
on the π-electron density along the conjugated backbone, whereas the low energy (intramolecular 
charge transfer) absorption will depend more strongly on the π-electron density on the acceptor 
unit, where the excited state is localised.[53] 
The measured ratio of the low and high energy peak absorption coefficients is quantified as 
αlow/αhigh. The relative strength of the low energy absorption band is greatest for PSBS (1.86 ± 0.10) 
and becomes weaker when selenium is substituted into the donor unit (PSeBS, 1.50 ± 0.05), the 
acceptor (PSBSe, 0.79 ± 0.02) unit, or both the donor and acceptor units (PSeBSe, 1.15 ± 0.02). These 
decreases in the value αlow/αhigh, can be understood as either an enhancement of the high energy 
absorption strength or a reduction of the low energy absorption strength. In accordance with other 
studies, we propose that the selenium substitution in the donor unit donates electron density into 
the conjugated backbone (particularly on the donor unit) and so increases the strength of the high 
energy π-π* transition.[45,54,55] Conversely, the selenium substitution in the acceptor unit tends to 
draw electron density out of the benzene ring mesomerically, and so reduces the overlap integral for 
the low energy charge transfer transition.[8] This interpretation is supported by results from Raman 
spectroscopy and DFT (Section 7.3.3). 
We note that PSBSe has a particularly weak low energy absorption, such that the additional 
substitution of the donor unit selenium (PSeBSe) results in an increase of αlow/αhigh. This appears to 
refute the interpretation described above, but we suggest that the weak low energy absorption in 
the PSBSe thin film is due to a strong inter-unit torsion of the polymer backbone resulting in a 
reduced molecular orbital overlap for the charge transfer transition.[8,53] Torsion of the PSBSe 
conjugated backbone could also result in a shift of the absorption onset to higher energy, and is 
consistent with the absence of vibronic structure in the absorption spectrum, suggesting a high level 
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of energetic disorder. The DFT optimised geometries also show a larger inter-unit dihedral angle for 
this molecule compared with the others (Table 7.5), which is further supported by the Raman 
spectroscopy discussed below. The strongest vibronic features are observed for the PSBS film, which 
has its peak absorption for the lowest energy (0-0) peak, suggesting that this sample exhibits the 
highest degree of energetic and conformational order. All of the selenium substituted polymers have 
less clearly resolved absorption shoulders with the lowest energy peak reduced to a broad shoulder. 
This indicates that the selenium substitution is generally detrimental to molecular order in these thin 
films. More detailed analysis of thin film morphology is provided by X-ray diffraction, in Section 
7.3.4. 
Energy levels of the frontier molecular orbitals for the materials were estimated using cyclic 
voltammetry. The values obtained for the HOMO and LUMO are given in Table 7.4 along with the 
measured energy gap (Eg) and the HOMO energies calculated by DFT (HOMODFT). 
Table 7.4 Frontier molecular orbital energy levels measured with cyclic voltammetry and calculated 
with DFT. 
(eV) HOMODFT HOMO LUMO Eg 
PSBS -5.09 -5.36 -3.59 1.77 
PSBSe -5.04 -5.30 -3.60 1.70 
PSeBS -5.07 -5.21 -3.52 1.69 
PSeBSe -5.01 -5.11 -3.59 1.52 
 
The trends in Eg shown in Table 7.4 differ slightly from those suggested by the absorption spectra in 
Figure 7.10 because these are measured in solution and so avoid the solid state effects. Here we find 
that PSBS exhibits the largest energy gap (1.77 eV), and that a single selenium substitution in either 
the acceptor (PSBSe) or donor (PSeBS) unit results in a similar reduction (to 1.70 and 1.69 eV 
respectively). The fully substituted polymer (PSeBSe) has the smallest energy gap (1.52 eV), as also 
seen in the thin film absorption. Insight into the mechanism of this energy gap narrowing is obtained 
by comparing the HOMO and LUMO energy differences separately. 
The measured HOMO energies show a progression towards lower values resulting from increasing 
selenium substitution, with a stronger effect for donor unit substitution (-5.36 to -5.21 eV for PSBS 
to PSeBS) than for acceptor substitution (-5.36 to -5.30 eV for PSBS to PSBSe). This indicates that the 
heavy atom substitution tends to destabilise the HOMO. DFT calculations do not give accurate 
HOMO energies but do reproduce the observed trend that both selenium substitutions act to 
destabilise the HOMO, though the relative impacts of selenium substitutions in the donor and 
acceptor units are incorrect (PSeBS is calculated with deeper HOMO than PSBSe). Nevertheless, the 
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calculated values verify the applicability of DFT methods to model the destabilisation of the HOMO 
by selenium substitutions. 
Comparison of the LUMO energy levels reveals no significant differences for these materials, except 
for PSeBS, which has a shallower LUMO than the others (-3.52 compared with -3.59 eV). This modest 
destabilisation of the LUMO results from selenium substitution in the donor unit (PSeBS), but further 
substitution of selenium in the acceptor unit (PSeBSe) counters this effect, so we cannot attribute it 
solely to a property of the selenophene group. These observations clearly demonstrate a complex 
interplay between the donor and acceptor units, such that the HOMO and LUMO energy levels must 
be thought of as properties of the whole molecule rather than being set by particular units. Further 
insight into these mechanisms is provided by considering the distribution of π-electron density 
between the donor and acceptor units using Raman spectroscopy. 
7.3.3 Molecular Conformation and π-Electron Distribution 
The semiconducting properties of conjugated polymers derive from their delocalised π-electronic 
structure, which can be probed very effectively using Raman spectroscopy. Raman scattering cross 
sections are strongly linked with molecular polarizability, such that we typically observe strong 
scattering from vibrational modes localised on regions of high π-electron density.[56] We can 
therefore use this technique to elucidate how the heavy atom substitutions cause redistribution of 
the π-electron density on the polymer molecule. Figure 7.11 compares the Raman spectra of thin 
film samples of the four copolymers.  
 
Figure 7.11 Thin film Raman spectra (785 nm excitation) normalised to the 1430 cm-1 peak, 
comparing a) PSBS and PSBSe, b) PSBS and PSeBS, and c) PSBS and PSeBSe. 
We consider vibrational modes in the range 1200-1600 cm-1, which correspond with carbon bond 
stretches. For comparing Raman shifts between materials we take the values from PSBS as labels for 
the modes. The strongest peak for all four polymers is measured around 1430 cm-1, which we 
identify as the symmetric C=C ring stretching mode of the thiophene unit.[25,35] This is accompanied 
by a smaller mode at 1380 cm-1, which is described as a C-C stretching mode in the thiophene 
161 
 
ring.[25,35] There is also a strong mode around 1494 cm-1, which corresponds with a benzene ring 
stretching mode of the benzothiadiazole unit.[57,58] In the range 1250-1350 cm-1 we measure a band 
of modes, containing at least three components, which are various C-C stretching modes coupled to 
different C-H wagging modes, but are difficult to distinguish unambiguously. The strongest of these 
modes, at 1294 cm-1 in PSBS, is identified as having a strong component on the C-C bonds in the 
centre of the benzothiadiazole unit. The 1380, 1430, and 1494 cm-1 modes, which are most 
important for our analysis, are well-known from similar published materials and the identifications 
of all four modes agree with DFT frequency analysis (see Figure 7.12). The vibrational mode 
assignments are illustrated in Figure 7.13 with arrows indicating the primary nuclear motions. 
 
Figure 7.12 Comparison of Raman spectra for PSBS simulated from DFT calculation and measured 
with 785 nm excitation, showing a good match for the four main modes. 
 
Figure 7.13 Diagram illustrating the main bond stretches associated with the main Raman modes 
centred at 1294, 1380, 1430, and 1494 cm-1 in PSBS. 
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Comparing first the spectra for PSBS and PSBSe (Figure 7.11a), we observe that the selenium 
substitution in the acceptor unit causes significant shifts in the 1294 and 1494 cm-1 peaks to 1271 
and 1480 cm-1, respectively. Both of these modes are localised on the acceptor unit, and so the shift 
to lower frequency indicates that the selenium substitution results in a reduced force constant for 
these bonds. This can be understood as a reduction in the π-bonding strength in the benzene ring, 
which suggests a reduced π-electron density. By contrast, the modes localised on the donor unit 
(1380 and 1430 cm-1) show no significant change in frequency. The relative intensity changes of the 
Raman modes provide further information about the molecular structure. The 1380 cm-1 thiophene 
ring C-C peak has reduced intensity relative to the 1430 cm-1 thiophene C=C ring stretch, which has 
been associated previously with increased inter-unit dihedral torsion (in agreement with the 
discussion of absorption spectra, above).[25] We also find that the two acceptor unit Raman peaks 
(1294 and 1494 cm-1) have reduced intensity relative to the thiophene 1430 cm-1 ring stretch. Since 
the Raman scattering intensities in conjugated polymers arise from the polarizability of the 
π-electrons, they provide further evidence that the benzene ring in the benzoselenadiazole unit has 
a reduced π-electron density than for the benzothiadiazole analog (both relative to the donor unit). 
We conclude that this selenium substitution draws π-electron density out of the acceptor unit 
benzene ring. This has minimal impact on the adjacent thiophene unit except for the increase in 
inter-unit torsion, which might be expected to further minimise the interaction between the donor 
and acceptor units. 
In Figure 7.11b we consider the effects of selenium substitution in the donor unit by comparing the 
Raman spectra of PSBS and PSeBS. In this case, we also observe minimal shifts in the acceptor unit 
peaks: the 1494 cm-1 mode shifts to 1491 cm-1, and the 1294 cm-1 peak shows no measurable shift 
(though the reduced intensity makes it difficult to separate from its neighbours). However, there is 
now a broadening of the donor unit 1430 cm-1 peak towards lower frequency (FWHM increases from 
19 to 23 ± 1 cm-1) accompanied by a shift in the 1380 cm-1 peak to 1383 cm
-1, both of which are 
characteristic of increased π-electron delocalisation and backbone coplanarity.[25,26] The increase in 
intensity of the 1380 cm-1 mode is also characteristic of this effect, but the reduction in the relative 
intensities of the 1294 and 1494 cm-1 benzothiadiazole ring stretching modes suggests that the 
selenium substitution in the donor unit results in a lower overall proportion of the π-electron density 
on the acceptor unit ring. In this case, we suggest that the selenium atom donates electron density 
into the donor ring, which in turn donates much more weakly into the acceptor unit. As a result, the 
Raman scattering intensity is enhanced much more strongly for the donor unit ring modes than for 
the acceptor unit. 
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Figure 7.11c demonstrates the combined effects of selenium substitutions into both the donor and 
acceptor units (comparing PSBS and PSeBSe). In this instance, we find that the main ring stretching 
modes for both the donor and acceptor units (1430 and 1494 cm-1) show strong shifts to 1417 and 
1473 cm-1. The acceptor unit mode at 1294 cm-1 shifts to 1279 cm-1 and the weaker donor unit 
1380 cm-1 mode shifts to 1382 cm-1. These observations can be described as more extreme versions 
of the effects discussed in the cases of single substitutions above, and so represent an increase of 
π-electron density localised on the donor unit and a reduction in π-electron density on the benzene 
ring of the acceptor unit. This also results in the low relative intensity of the acceptor unit ring 
stretch (1494 cm-1) relative to the donor unit ring stretch (1430 cm-1). 
Additional support for the experimental observations above, regarding the effects of the 
sulphur/selenium substitutions on the molecular conformations and π-electron distributions of 
these materials, is provided by DFT calculations of the optimised geometries. Figure 7.14 shows the 
optimised geometry and frontier molecular orbitals for PSBS, which are found to be representative 
of all four copolymers. 
 
Figure 7.14 DFT optimised structures of PSBS polymer segments showing HOMO and LUMO 
isosurfaces. 
The frontier molecular orbitals in Figure 7.14 show that the HOMO is strongly delocalised along the 
conjugated polymer backbone with minimal density on the heteroatoms. By contrast, the LUMO 
shows a large density on the nitrogen and sulphur/selenium atoms, with a lower density on the 
conjugated structure. The LUMO is clearly delocalised over multiple units of the polymer, but shows 
a relatively high density on the acceptor units compared with the donor units, which is typical of 
many D-A copolymers.[39,59] 
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Table 7.5 Molecular structure parameters for DFT optimised polymer structures. 
 
PSBS PSBSe PSeBS PSeBSe 
Inter-unit dihedral angle (°) 5.3 12.8 6.1 5.8 
Inter-unit bond length (Å) 1.452 1.453 1.448 1.449 
C-S or C-Se bond length (Å) 1.609 1.772 1.609 1.772 
N-S or N-Se bond length (Å) 1.740 1.740 1.886 1.886 
Donor unit S/Se atom Mulliken charge (e) 0.162 0.147 0.430 0.429 
Acceptor S/Se atom Mulliken charge (e) 0.365 0.558 0.365 0.561 
Donor ring Mulliken charge (e) -0.236 -0.216 -0.463 -0.464 
Acceptor ring Mulliken charge (e) 0.832 0.892 0.790 0.862 
 
The most significant differences in the modelled molecular geometries are presented in Table 7.5. 
The direct influence of the selenium substitution is shown by the increases in the C-Se and N-Se 
bond lengths relative to C-S and N-S. In both cases, the bond is much longer for the selenium atom 
(1.772 and 1.886 compared to 1.609 and 1.740 Å), which we attribute to the larger size of the 
selenium atom. This effect is observed experimentally in the Raman peaks corresponding to 
stretching modes of the C-S/C-Se and N-S/NSe bonds at 600-650 and 750-900 cm-1 respectively, 
where the decreases in the vibrational energies correspond with increased bond length and hence 
reduced force constant – see Figure 7.15. 
 
Figure 7.15 Comparison of Raman peaks for the four copolymers in the 500-1000 cm-1 range showing 
the C-S, C-Se, N-S, and N-Se stretching mode peaks (measured with 514 nm excitation to exploit the 
resonant enhancement). 
The DFT optimised geometries of all four polymers show a high degree of planarity compared with 
other D-A copolymers.[8] In large part, this is attributed to our use of alkoxy solubilising groups to 
minimise steric hindrance. This may also explain why the calculated LUMOs are relatively delocalised 
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for these polymers. PSBS, PSeBS, and PSeBSe all have very similar calculated dihedrals in the range 
5.3-6.1°, whereas PSBSe gives a substantially larger value of 12.8°. If this torsion of the backbone 
were caused by the large size of the substituted selenium atom we would expect similar effects for 
the other selenium-containing materials, but this is not the case. Rather, it seems that the increased 
torsion arises from the specific pairing of the thiophene donor unit with the benzoselenadiazole 
acceptor unit. 
Some insight into the factors determining the inter-unit torsion can be gained from the calculated 
inter-unit bond length. Both PSBS and PSBSe have indistinguishable inter-unit bond lengths (1.452 
and 1.453 Å) but very different torsion angles (5.3 and 12.8°), which shows that bond length and 
torsion angle do not necessarily correspond when chemical substitution are concerned. It also 
indicates that the acceptor unit selenium substitution has minimal effect on this torsion angle. By 
contrast, we find that the donor-unit selenium substitution causes a clear decrease in the inter-unit 
bond length to 1.448 and 1.449 Å for PSeBS and PSeBSe respectively. We might expect the larger 
atom substitution to have a deplanarising effect on the polymer backbone due to steric 
interactions,[60] but instead, this shortening of the inter-unit bond suggests that the donor unit 
substitution causes an increase in the double-bond character of this bond, resulting in a high degree 
of planarity.[26] The high planarity of selenophene containing polymers is understood to arise from 
the strong donation of electron density into the conjugated structure from the large selenium 
atom.[55] 
Raman spectroscopy (above) has already provided experimental evidence for the redistribution of 
π-electron density resulting from the heavy atom substitutions, but these results are further 
supported by the DFT calculations. A simple estimation of the charge distribution is given by the 
Mulliken charges assigned to each atom (see Table 7.5). When the donor unit sulphur is replaced 
with selenium (PSBS to PSeBS) the charge on this atom increases from 0.162 to 0.430 e. There is also 
a corresponding decrease in the charge on the conjugated part of the donor unit (sum of Mulliken 
charges on the four carbon atoms in the donor unit) from -0.236 to -0.463 e. This supports the 
suggestion that the selenium atom donates electron density into the donor unit conjugation more 
strongly than the sulphur atom.  
These calculations also suggest that the increased electron density donation from the selenium 
substitution in the donor unit extends into the benzene ring of the acceptor unit too, as evidenced 
by the reduction in charge on this ring from 0.832 to 0.790 e (PSBS to PSeBS). This indicates that the 
selenium atom donates electron density into the whole conjugated backbone rather than just the 
donor unit, and so we attribute the shortening of the inter-unit bond length and its small torsion 
angle to this effect. 
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For the case of selenium substitution into the acceptor unit (PSBS to PSBSe), we again find that the 
selenium atom has a larger positive charge (0.365 increases to 0.558 e), but this charge is donated 
into the N=C bond resulting in a mesomeric decrease in electron density on the conjugated part of 
the unit (positive charge increase from 0.832 to 0.892 e). This electron withdrawing effect correlates 
with the increase in inter-unit bond length and increased torsion angle as noted before, but when 
both the donor and acceptor unit have the selenium substitution, the electron donating effect 
restores the planarity of the polymer backbone. As a design rule, based on these observations it 
appears that the pairing of a weaker electron donor unit with the stronger electron accepting unit 
(i.e. PSBSe) results in the lowest overall electron density on the conjugated backbone and is 
detrimental to backbone planarity. 
We also note that the Mulliken charges on the conjugated backbone correlate with the measured 
LUMO energy levels. It is broadly expected that the electron affinity of a conjugated molecule will be 
greatest for an electron deficient chromophore (particularly the acceptor unit if the LUMO is 
localised there).[17,61] For this polymer series, we find that PSeBS has a particularly high electron 
density (negative Mulliken charge) especially on the acceptor unit ring (0.790 e), which agrees with 
the shallow LUMO (-3.52 eV) measured for this polymer. The trends in the HOMO energy levels were 
also predicted fairly accurately by the DFT calculation (Table 7.4), as discussed previously. 
The results of these DFT geometry optimisation calculations provide strong support for the 
experimental analyses discussed above, and this consistency also serves to demonstrate the 
applicability of these methods to understanding the complex factors dictating the properties of D-A 
copolymers. 
7.3.4 Molecular Packing and Device Performance 
The thin film properties of these materials are of particular significance to device applications, where 
charge transport is strongly dependent on the molecular packing. Here we use grazing incidence 
X-ray diffraction (GIXRD) in conjunction with thin film transistor device characterisation to relate the 
molecular packing with charge transport in neat films of the copolymer series. 
Figure 7.16 shows 2D GIXRD patterns for thin films of each of the copolymers. All four materials 
show an intense arc at around q ≈ 0.2 Å-1 corresponding with the (100) lamellar spacing, and an arc 
at q ≈ 1.4 Å-1, which is more intense along the qz axis than the qxy axis (except for PSeBS) and 
corresponds with the (010) π-π spacing. These identifications are based on typical values for other 
conjugated polymers.[62,63] Scattering line-cuts are given in Figure 7.17, and numerical values for the 
molecular spacing parameters are given in Table 7.6. The most clearly defined GIXRD pattern is 
measured for PSBS, suggesting that this material has the highest quality of long-range molecular 
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order, which is consistent with the previous observation of low energetic disorder in this material. 
The selenium substituted polymers all show weaker scattering from the π-π spacing (especially 
PSeBSe), suggesting that the heavy atom substitution is detrimental to the quality of molecular 
packing. All the polymers show long π-π scattering arcs with the maximum intensity in the qz axis, 
which is characteristic of a low degree of molecular orientation or a slight preference for the 
molecular backbone to lie in-plane (face-on to the substrate).[64] The streak of high intensity above 
the (100) arc in the qz direction is attributed to specular diffuse scattering.
[63]  
 
Figure 7.16 2D GIXRD patterns for thin films (60-70 nm) of the copolymers. 
The π-π spacings lie in the range 4.1-4.4 Å, which is much larger than the 3.8-3.9 Å typically reported 
for regioregular P3HT, but is comparable with the value of 4.4 Å reported for PCDTBT, which has a 
similar donor-acceptor copolymer structure.[63,65] The range of lamellar spacing distances measured 
here (26-38 Å) is somewhat larger than that which is typically reported for conjugated polymers (15-
19 Å).[20,65] These large values may indicate that these materials adopt a more complex packing 
motif, perhaps associated with an ‘undulating’ backbone conformation, as described by Lu et al. for 
PCDTBT.[63] 
 
Figure 7.17 X-ray diffraction intensity line-cuts along a) qz, and b) qxy direction for each copolymer. 
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Table 7.6 Thin film molecular spacing parameters and transistor hole mobilities. 
 
PSBS PSBSe PSeBS PSeBSe 
π-π spacing (Å) 4.10 ± 0.03 4.29 ± 0.04 4.36 ± 0.04 4.21 ± 0.04 
Lamellar spacing (Å) 26.3 ± 2.4 33.6 ± 4.0 38.5 ± 3.0 37.4 ± 3.0 
μh (cm
2
/Vs) 1.7 × 10
-2
 2.1 × 10
-4
 8.7 × 10
-4
 8.5 × 10
-4
 
 
 oth the π-π and lamellar packing distances increase when selenium is substituted for the sulphur 
atoms. The π-π spacing (measured along the qx axis) is smallest for PSBS (4.10 ± 0.03 Å), and 
increases when selenium is introduced into either the donor or acceptor unit, with a maximum value 
of 4.36 ± 0.04 Å for PSeBS (4.29 ± 0.04 Å for PSBSe). When selenium is substituted into both 
positions (PSe Se) the π-π spacing reduces to an intermediate value (4.21 ± 0.04 Å). The increased 
π-π distance for PSeBS and PSBSe is readily understood as the result of introducing the physically 
larger selenium atom into the molecular backbone, but the reduced spacing for PSeBSe indicates 
that there is not a simple relationship between the introduction of large atoms and an increase in 
π-π spacing.[48] Similarly, these observations do not correlate clearly with the DFT calculations 
relating to molecular torsion. The largest lamellar packing distance is measured for PSeBS 
(38.5 ± 3.0 Å), which is much larger than that for the PSBS film (26.3 ± 2.4 Å). PSBSe and PSeBSe have 
values close to that of PSeBS, so the clear trend here is that the selenium atoms in any position lead 
to increased lamellar spacing. This disruption of close molecular packing probably arises from 
distortions of the polymer backbone on the scale of several repeat units, and appears to result from 
the heavy atom substitution.[45] 
The trends observed in the intermolecular packing distances correlate strongly with hole mobilities 
measured for thin films in a transistor architecture. PSBS gives the highest mobility 
(1.7 × 10-2 cm
2/ s), which we might expect since it has the shortest π-π spacing and lamellar spacing, 
as well as the evidence for an overall low degree of energetic disorder. The other three polymers 
have hole mobilities two orders of magnitude lower, corresponding with their lower quality of 
intermolecular packing. PSeBS has a similar hole mobility to PSeBSe even though its intermolecular 
spacings are much larger. In this case we speculate that the preference for an edge-on molecular 
orientation counters this effect by enhancing charge transport in the transistor architecture (parallel 
to the substrate).[7] 
For photovoltaic devices, the polymer is blended with PC71BM, which presents a much more complex 
system than the neat polymer films considered so far, but we expect the performance of these 
devices to be broadly interpretable based on the neat polymer characteristics. The current-voltage 
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characteristics of the copolymers are shown in Figure 7.188, with numerical parameters given in 
Table 7.7. 
 
Figure 7.18 Current-voltage characteristics of optimised photovoltaic devices using each copolymer, 
measured under 1 Sun illumination. 
The photovoltaic performance results clearly show that PSBS produces much more efficient devices 
(5.2 %) than the selenium substituted polymers (all < 2 %). These low efficiencies correspond with 
reductions in all the key performance parameters (Table 7.7). The Voc drops from 0.87 V for PSBS to 
0.73 V for PSBSe, then further reduces to 0.64 and 0.67 V for PSeBS and PSeBSe. Some of this 
reduction may be attributed to increases in charge recombination resulting from reduced hole 
mobility, but it is also in line with the trend in HOMO energy level noted above, where shallower 
HOMO levels for selenium substituted polymers are expected to reduce the effective energy gap of 
the heterojunction.[66] The Jsc and FF values both show the same trends as the PCE, with the highest 
values for PSBS, the lowest for PSBSe and intermediate values for PSeBS and PSeBSe. Broadly these 
indicate that the selenium containing polymers have diminished overall charge transport and 
extraction capabilities, which agrees with the low hole carrier mobilities measured for neat polymer 
transistors. However, the particularly poor performance of PSBSe (1.3 % PCE) suggests that other 
effects are significant, since this material had the second highest hole mobility. In this case, the low 
photocurrent is likely to be due (at least in part) to the weak optical absorption in the visible range 
(see Figure 7.10), resulting in poor harvesting of solar photons.[8,16,44] 
Table 7.7 Photovoltaic device performance parameters (best device PCE in square brackets). 
 
Voc (V) Jsc (mA/cm
2
) FF (%) PCE (%) 
PSBS 0.86 ± 0.01 12.8 ± 0.2 0.45 ± 0.01 4.93 ± 0.27 [5.20] 
PSBSe 0.71 ± 0.02 5.8 ± 0.3 0.29 ± 0.01 1.18 ± 0.12 [1.30] 
PSeBS 0.63 ± 0.01 6.4 ± 0.1 0.32 ± 0.01 1.29 ± 0.08 [1.37] 
PSeBSe 0.66 ± 0.01 7.4 ± 0.1 0.33 ± 0.01 1.62 ± 0.04 [1.66] 
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7.4 Conclusions 
In this Chapter, we have considered the effectiveness of chemical modifications for tuning the 
optoelectronic and morphological properties of D-A copolymers to optimise their photovoltaic 
performance. This study has made use of multiple complementary experimental and theoretical 
techniques in order to build a detailed understanding of the complex relationships between 
different properties. The work on heavy atom substitution also provided insights into the 
fundamental properties of D-A copolymers, by varying the strengths of the electron donating and 
withdrawing groups. Both of the studies in this Chapter enable us to put forward a number of 
chemical design rules for efficient polymer/fullerene photovoltaic materials. 
The results in Section 7.2 suggest that asymmetrically branched side chains should be avoided since 
they are likely to be detrimental to backbone planarity. Conversely, fluorination of the acceptor unit 
appears to have a planarising effect as well as increasing Voc. Both of these rules are in line with 
general expectations, but we have also found suggestions that particular combinations of two 
beneficial effects (fluorination and addition of the TIPS group on the donor unit) can have an adverse 
effect on the photocurrent. In this case, the bulky TIPS group and fluorination may both act to 
prevent close contact between the polymer backbone and neighbouring fullerene molecules and so 
together compromise the intermolecular interactions required for efficient charge generation.   
Section 7.3, considering sulphur/selenium substituted copolymers, found that the selenium 
substituted into the donor unit donates electron density into the conjugated part of that unit, 
whereas selenium substitution in the acceptor unit withdraws electron density from the conjugated 
ring. In both cases, the heavy atom substitution leads to a reduction in the optical energy gap, but 
the optoelectronic and conformational properties of the polymer are sensitive to the specific pairing 
of donor and acceptor units. As a design rule, we suggest that selenium substitution is generally 
detrimental to close intermolecular packing in thin films resulting in low charge mobility and poor 
photovoltaic performance. Also, the pairing of a weak donor with a strong acceptor (i.e. PSBSe) 
results in low π-electron density on the conjugated backbone leading to low molecular coplanarity 
and weak optical absorption in the low energy band, so this particular situation should be avoided.  
Both of these studies have revealed a complex interplay between the chemical properties of 
particular copolymer units and substituents, which determine the properties of the resulting 
material and its photovoltaic performance. As a result of this complexity, we urge caution in the 
extrapolation of these specific conclusions to other copolymer series, but the general relationships 
and experimental methods are expected to have widespread relevance for the whole class of D-A 
copolymers. 
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Chapter 8  
Conclusions and Further Work 
The work presented in this thesis has considered the relationship between conjugated polymer 
morphology in thin films and the resulting photovoltaic performance. We have considered various 
means for controlling the morphology using different processing techniques, material systems, and 
chemical substitutions, using a range of complementary characterisation techniques. Device 
performance has been characterised in terms of charge mobility and power conversion efficiency, but 
also with respect to photostability and thermal conformational stability, which are relevant to 
operational solar cell lifetimes. The results of this work offer insights into how further advances in 
device efficiency and lifetime can be made by controlling the processing conditions and tuning the 
chemical structures of conjugated polymers. 
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8.1 Conclusions  
This study has not only underlined the critical importance of thin film blend morphology for 
producing high-performance solar cells but has also demonstrated a variety of means by which this 
may be achieved. Detailed conclusions for each study can be found at the end of each Chapter but 
here we summarise those with the greatest impact. 
For polymer/polymer blends we have demonstrated the use of simple processing conditions in order 
to enhance the charge carrier mobilities of the blend film by up to three orders of magnitude. This 
resulted in a significant increase in photocurrent and overall device efficiency, which we attributed 
primarily to reduced bimolecular recombination but also to destabilisation of the charge transfer 
state by manipulation of the interfacial energetics.  
Our studies of the polymer/inorganic hybrid interface formed by pulsed laser deposition and using in 
situ thermal decomposition of a precursor showed that in both cases a disordered interfacial 
polymer layer was formed. In the latter case, we were able to show that the cadmium xanthate 
precursor decomposed to cadmium sulphide within two minutes of heating the film to 160 °C and 
that this caused a morphological disruption of the conjugated polymer matrix. Efforts to overcome 
this effect by nanowire formation and temperature control had little success, suggesting that the 
interfacial disruption is intrinsic to hybrid films formed in this way, and that new routes would be 
required to develop this class of device further. 
Resonant Raman spectroscopy was used to experimentally probe the nature of the two main dipole-
allowed electronic transitions of a series of donor-acceptor copolymers based on the 
diketopyrrolopyrrole (DPP) unit. We concluded that the strong, low energy absorption transition is 
best described as a charge redistribution within the DPP unit rather than a charge transfer from the 
donor to the acceptor unit, whilst the higher energy absorption transition is a π-π* transition 
delocalised along the conjugated backbone. An in situ study of photodegradation resulting from 
optical excitation of these two transitions found that the polymer is very stable when excited in the 
lower energy band but photooxidises when the high energy band is excited. In this case, the donor 
(selenophene) unit was identified as the site of this degradation mechanism.  
Another in situ study of fluorinated polythiophene films found that fluorination of the conjugated 
backbone resulted in an increase in molecular planarity and a narrowing of the conformational 
distribution within the thin film, as well as an increase in thermal conformational stability up to 
300 °C. The increased planarity and conformational stability are expected to be beneficial for charge 
transport and morphological stability. Fluorination of the acceptor unit in a benzodithiophene-
benzothiadiazole copolymer was also found to planarise the interunit bond neighbouring the 
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substitution site, but was detrimental to charge generation. In this case, we attributed the problem 
to the additional presence of a bulky side group on the donor unit, and suggested that the combined 
effect was to prevent close contact between the polymer and fullerene molecules in a blend. This 
study also found that an asymmetrically branched side chain was detrimental to molecular planarity 
and packing compared with the symmetric version, and we propose this as a more general molecular 
design consideration. 
The effects of heavy atom substitution on the optoelectronic and conformational properties of a 
donor-acceptor copolymer were considered, based on systematic sulphur/selenium substitutions in 
a thiophene-benzothiadiazole alternating copolymer. We found that the selenium substitution 
increased the electron donating and withdrawing strengths of the donor and acceptor units 
respectively, resulting in a reduced energy gap. In general, the selenium substitution was 
detrimental to molecular packing, charge mobility and overall photovoltaic performance, but we 
identified a particular scenario which we suggest as a more general design rule: the pairing of a weak 
electron donating group with a strong electron withdrawing effect results in a low π-electron density 
on the conjugated backbone, and is particularly detrimental to light harvesting and charge transport. 
In addition to the material-specific conclusions of this work, we have also demonstrated a wide 
range of applications of resonant Raman spectroscopy to characterise the molecular order, 
conformation, and structure, as well as investigating the natures of electronic transitions, in various 
types of device structure. These methods have widespread applicability to conjugated polymers 
generally, and particular value for situations where in situ characterisation is required. One 
industrially interesting application would be for in-line characterisation of thin film morphology 
within a roll-to-roll production line. 
8.2 Further work 
Our work on polymer/polymer solar cells demonstrated a route to overcome a specific problem, 
which had hindered the development of this class of devices. Subsequent to our carrying out this 
study, much higher device efficiencies (> 5 %) have been published based on new electron 
transporting polymers.[1,2] Our results have therefore gained a more direct relevance and it would be 
worthwhile to consider whether the same techniques based on controlled polymer aggregation to 
form nanowires can be applied to these new materials. 
As published organic solar cell efficiencies approach 10 %, attention is increasingly drawn towards 
the matter of operational stability.[3] Our in situ studies in thermal stability and photodegradation 
have demonstrated how such work may be carried out in order to identify the degradation 
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mechanism. Prospective collaborations with synthetic chemists would provide a route to iterative 
development of more stable materials guided by these insights. As a first attempt we suggest that 
alternative donor units to thiophene/selenophene should be considered, since this was identified as 
the photooxidation site. 
The results shown in this work suggesting that the low energy absorption transition of the 
DPP-based copolymer is a charge redistribution within the DPP unit, rather than charge transfer 
from the donor to the acceptor, conflicts with a commonly assumed model for a donor-acceptor 
copolymer.[4] It would therefore be worthwhile to study this in more detail, in the first instance using 
appropriate quantum chemical calculations, in order to verify this conclusion.[5] 
There is ongoing debate regarding whether the charge generation process arises in the ordered or 
disordered phase of the material, and it appears that the techniques developed in this study may be 
developed to address this particular issue.[6–8] Ultrafast charge generation has been observed using 
transient absorption and vibrational spectroscopy, and we have shown that Raman spectroscopy is 
able to distinguish between ordered and disordered phases, we therefore suggest that ultrafast 
Raman spectroscopy (femtosecond stimulated Raman spectroscopy) could be used to probe which 
morphological phase the polarons are generated within.[9,10] This would constitute an important 
extension of this work, which will be pursued if resources permit. 
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Appendix 
Classical and quantum mechanical descriptions of molecular Raman scattering are briefly outlined 
and compared. The mathematical description is interpreted in order to explain the key features of the 
Raman spectra presented in this thesis, particularly with regards to the origin of the resonant 
enhancement in conjugated polymers. 
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A.1 Classical Description of Raman Scattering[1,2] 
A relatively intuitive (though fundamentally limited) understanding of molecular Raman scattering 
can be gained through a classical description. In this case, we consider a molecule with polarizability, 
α, responding to a time-varying electric field, E(t). The induced dipole moment, μ(t) is given by: 
          .      (A.1) 
In fact the polarizability of a molecule varies as the molecule vibrates. We describe the collective 
motion of a molecular vibration using a vibrational coordinate, Q, so the polarizability is 
approximated as: 
      
  
  
 
 
        (A.2) 
where α0 is the polarizability at equilibrium, and          is the derivative at equilibrium. For small 
vibrational amplitudes, we can neglect higher order terms. The electric field for an incident light 
wave with frequency, ω0, and amplitude, E0, is given by: 
                ,     (A.3) 
and the time-dependence of the vibrational coordinate, Q(t), for a simple harmonic oscillator, is: 
                ,     (A.4) 
where Q0 is the vibrational amplitude and ωv is the vibrational frequency. 
Therefore, the induced dipole moment can be written as: 
                    
  
  
 
 
           .   (A.5) 
Using the trigonometric identity cosAcosB = ½[cos(A+B) + cos(A-B)], we get: 
                  
  
 
 
  
  
 
 
                              .  (A.6) 
This expression shows that the induced dipole oscillation has three frequency components 
corresponding to three types of light scattering: 
 ω0  is Rayleigh scattering with the same frequency as the incident wave 
 (ω0 + ωv) is anti-Stokes Raman scattering, shifted to higher frequency 
(ω0 - ωv) is Stokes Raman scattering, shifted to lower frequency. 
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These different types of scattering are shown in Figure A.1 in an illustrative plot of scattering 
intensity against optical frequency. The Rayleigh scattering intensity is around six orders of 
magnitude greater than Raman scattering. This classical description of Raman scattering is 
equivalent to amplitude modulated Rayleigh scattering, where vibrational modes shift some of the 
intensity into Raman side bands. 
 
Figure A.1 Illustrative representation of Rayleigh and Raman scattering based on the classical 
description for two vibrational modes. 
Most molecules have multiple vibrational modes so Q becomes Qj (for j vibrational modes) and 
additional terms are needed in the polarizability (Equation A.2) to include all of the modes. Each 
mode will only be Raman-active if            i.e. if the vibrational mode results in a change in 
molecular polarizability at the equilibrium position. The dependence of the Raman scattering on 
molecular polarizability tends to mean that highly polarizable molecules such as conjugated 
polymers are very strong Raman scatterers, which is useful for experimental purposes.[3] 
There are several short-comings to this classical description. Firstly, it predicts equal intensities of 
Stokes and anti-Stokes scattering (usually Stokes scattering is much stronger). Secondly, no selection 
rules are predicted (overtones are not usually observed in non-resonant Raman spectra). Thirdly, 
this description started with a vibrating molecule (Raman scattering is observed for molecules which 
start in a vibrational ground state). All of these problems are resolved by using a quantum 
mechanical description where the states and transitions are properly represented. 
A.2 Quantum Description of Raman Scattering[1,4–6] 
Quantum mechanics describes Raman scattering in terms of transitions between states; the basic 
picture of this is given by Figure 2.7 in Chapter 2. An incoming photon interacts with the molecule 
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forming a virtual excited state, and the molecule returns to a ground electronic state with a different 
vibrational energy level such that the scattered photon has a shifted energy. The virtual excited state 
is a very short-lived ‘state’ representing the molecule in its equilibrium nuclear geometry, but with a 
distorted electron cloud. The electronic distortion itself depends on how much energy has been 
given to the molecule, and hence is determined by the wavelength of the incident photon. This 
interaction is described by the quantum mechanical expression for molecular polarizability, known 
as the Kramer-Heisenberg-Dirac expression:  
        
 
 
  
                  
          
 
                  
          
          (A.7) 
where, 
i,r, and f represent the initial, virtual excited, and final states respectively, 
(αρσ)fi are components of the general transition polarizability, (α)fi, for the Raman transition from i to 
f where ρ and σ are the incident and scattered polarization directions, 
    and    are the ρ and σ components of the electric dipole moment operator, 
ω0 is the frequency of the incident photon, 
ωri, and ωrf are the frequency differences between states r and i, and between states r and f 
respectively, 
j here is the imaginary unit, 
Γr is the natural half-width of state r. 
The integrals in the numerator represent transitions between electronic levels. This general 
expression considers all pathways from state i to state f via state r, but we are interested in the case 
where r has higher energy than i and f. In this case the numerator of the first term represents a 
transition from i to f, followed by a transition from r to f. The second term represents a case where 
the scattering transition precedes the incident photon interaction. 
The denominators in Equation (A.7) dominate the importance of the two terms. For excitation 
energies comparable with the energy gap of the molecule both ωri and ωrf are similar in magnitude 
to ω0 and so ωri - ω0 is much smaller than ωrf + ω0, as a result the first term dominates the expression 
and the second term can be neglected. The equation can be further simplified using the Born-
Oppenheimer approximation. The electronic, vibrational, and rotational transitions of a molecule 
have very different time scales and so the total wavefunction is separable into electronic, 
vibrational, and rotational components. For vibrational Raman spectroscopy the rotational part is 
ignored and the electronic, θ, and vibrational, Φ, parts can be substituted into the integrals. Since 
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the electronic wavefunction depends on both the nuclear and electronic coordinates, θ(RN,Re), while 
the vibrational term depends only on nuclear coordinates, Φ(RN), the electric dipole operator only 
acts on the electronic part so we can rewrite the integral: 
                                       ,   (A.8) 
where Mri is the corresponding transition moment. 
In the Raman scattering process, the vibrational state of the molecule changes but no significant 
nuclear movement occurs on this fast time scale so the dependence of the transition moment on the 
nuclear coordinates can be approximated by: 
                 
    
   
 
  
    ,   (A.9) 
where, 
R0 represents the equilibrium nuclear coordinates, 
RE represents a displacement in the nuclear coordinates. 
Using these expressions and simplifications and the approximation Mri = Mfr, equation (A.7) can be 
rewritten as: 
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where =             . 
The A and B terms in Equation (A.10) are the dominant terms but sometimes two further terms (C 
and D) are relevant. In other literature the A term is sometimes called the Franck-Condon term, and 
the B term is known as the Herzberg-Teller term. 
The total scattering intensity, IR, of a Raman transition (from state i to state f) for a single molecule is 
given by: 
   
    
   
   
          
 
      (A.11) 
where, 
I0 is the incident laser intensity, 
ωs is the frequency of the Raman scattered light. 
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Experimentally, the relationship between incident and scattered intensities is expressed using a 
Raman scattering cross section, σj, for each vibrational mode: 
                (A.12) 
where, 
D is the number density of scatterers, 
dz is the excitation path length (or depth of field). 
Photon counting (i.e. most) spectrometers measure photons per second so the relationship 
becomes: 
       
          (A.13) 
where, 
PR and P0 are the Raman scattering and incident light in units of photons per second, 
σj’ is the appropriate Raman cross section, which has a slightly different frequency dependence to σj. 
A frequency independent cross section, σj
0, can be defined as: 
  
  
  
     
 
  
 
       
.     (A.14) 
This cross section includes light scattered in all directions, whereas practical measurements collect 
only a portion of the total scattered light according to the solid angle covered by the detector, Ω. For 
this reason, the differential Raman cross section, βj, with units of m
2 molecule-1 sr-1, is defined by: 
   
   
  
.      (A.15) 
This βj value is proportional to the integrated area of the peak in a measured Raman spectrum 
corresponding to vibrational mode j. 
A frequency independent differential Raman cross section, βj
0, with units of m6 molecule-1 sr-1, can 
also be obtained using the relationship in Equation (A.14).  
A.2.1 Non-Resonant Raman Scattering 
The various terms in the expression for the molecular transition polarizability given in Equation 
(A.10) provide some insight into the nature of Raman scattering under different conditions.  
In the non-resonant case, where the transition dipole moment, Mri, is small and the denominator 
shows minimal variation for different r values, the summation in the A term over all r reduces it to 
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the overlap of the i and f vibrational wavefunctions, under the completeness theorem. These states 
are orthogonal unless i and f are equal (i.e. Rayleigh scattering), and so this term is zero. 
The intensity of Raman scattering in this case is dominated by the B term. This term is subject to the 
selection rule that its value is only non-zero when the initial and final vibrational states differ by one 
quantum of energy, so overtones are forbidden. 
A.2.2 Resonant Raman Scattering 
Under resonant conditions, the denominator in term A will be very small when r corresponds to a 
real electronic excited state of the molecule, such that the sum is dominated by a single resonant 
term. However, the term is still dependent on the vibrational overlap integrals. If two vibrational 
wavefunctions are orthogonal, their overlap integral will be zero, and this will be the case if the 
vibrational modes have the same energy levels in the ground and excited states of the molecule. 
Non-orthogonality arises when the excited state potential energy surface of the molecule is different 
from that of the ground state, either having a different shape (i.e. ground and excited state 
vibrational modes have different frequencies), or a displacement of the potential energy minimum 
along the vibrational coordinate, ΔQj, (i.e. equilibrium geometry of the molecule is different in 
ground and excited states), see Figure 2.10. The latter case is usually more significant. Overtones are 
not forbidden in this term and so are frequently observed, especially when ΔQj is large. As a result, 
resonant Raman spectroscopy can be used to probe the excited state geometry of a molecule, albeit 
in a limited way.[7]  
Term B may also be significant in resonant Raman scattering, since the resonant effect in the 
denominator is also present, however the transition dipole moment dependence is weaker 
(M’M < M2), so term A is dominant. The B term resonant enhancement relates to the case where 
there are two electronic transitions with similar energy and can result in scattering from forbidden 
transitions. 
The total resonant enhancement of Raman scattering is typically 4-5 orders of magnitude compared 
with the non-resonant case, though this enhancement can also be significant far from resonance 
itself.  
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